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A B S T R A C T   

High-entropy alloys are a class of materials intensely studied in the last years due to their innovative properties. 
Their unconventional compositions and chemical structures hold promise for achieving unprecedented combi
nations of mechanical properties. The Cu–Fe–Ni–Mo–W multicomponent alloy was studied using a combination 
of simulation and experimental production to test the possibility of formation of a simple solid solution. 
Therefore, Molecular Dynamics and hybrid Molecular Dynamic/Monte Carlo simulations from 10K up to the 
melting point of the alloy were analyzed together with the experimental production by arc furnace and powder 
milling. The Molecular Dynamics simulations starting with a bcc type-structure show the formation of a single- 
phase bcc solid solution type-structure, whereas using Monte Carlo one, generally produced a two-phase mixture. 
Moreover, the lowest potential energy was obtained when starting from a fcc type-structure and using Monte 
Carlo simulation giving rise to the formation of a bcc Fe–Mo–W phase and a Cu–Ni fcc type-structure. Dendritic 
and interdendritic phases were observed in the sample produced by arc furnace while the milled powder evi
dence an separation of two phases Cu–Fe–Ni phase and W–Mo type-structures. Samples produced by both 
methods show the formation of bcc and a fcc type-structures. Therefore, the Monte Carlo simulation seems to be 
closer with the experimental results, which points to a two-phase mixture formation for the Cu–Fe–Ni–Mo–W 
multicomponent system.   

1. Introduction 

In the last decade, high-entropy alloys (HEA) emerged as a promising 
new class of materials due to the with remarkable properties achievable. 
HEA are solid solutions that present desirable properties such as high 
hardness [1] and resistance to wear [2], oxidation [3] corrosion [4] and 
irradiation resistance [5], as well as high thermal stability [6]. These 
materials with increasing atomic size difference prefer the 
bcc-type-structure over the fcc one, which is originated from the ability 
of the bcc structure to accommodate a large atomic size difference with 
lower strain energy [7]. The distortion or fluctuation in the lattice is one 
of the main characteristics of HEA which is related to the sluggish 
diffusion kinetics in the materials. Moreover, the diffusion coefficients in 
HEA are lower than those of reference metals due to the fluctuations in 
the lattice potential energy. This could hamper the formation of in
termetallics in the lattice and stabilize the solid solution [8]. To date, 

many different HEA systems have been investigated, which typically 
include Fe, Al, Cu, Ti, Mg, and Ni [9]. The use of refractory-element 
based HEA (Mo, Nb, Ta, W and V) was introduced by Senkov et al. 
[10] mainly as candidates for structural applications at temperatures 
above 1373K. Many other refractory HEAs were subsequently developed 
to obtain improved strength, room temperature ductility and high 
hardness up to 1873K [11]. In the last years the investment on high 
entropy alloys is growing and refractory single phase high entropy was 
achieve as TiVCrNiZ [12] as well as low density one as MgAlMnFeCu 
[13] and transitions metals one as CrMnFeCoMo [14]. Heavy alloys have 
included a combination of either W–Ni–Cu or W–Ni–Fe and Mo has been 
used as alloying element as well [15]. It seemed thus, that an equimolar 
high entropy alloy of these five elements was worth testing within the 
scope of searching for HEAs in the context of heavy alloys/tungsten 
applications. 

Molecular dynamics (MD) is a simulation technique for computing 
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the equilibrium and transport properties of a classical many-body sys
tem, where each atom is assumed as a point mass, and the atomic motion 
is based on the Newton’s equation [16]. In addition, for describing the 
interaction between the elements it is used an embedded atom method 
(EAM) potential that is extensively used for metals [17]. Such a potential 
is non-pairwise in the sense that it is based on concepts [16] from density 
functional theory, which stipulate in general that the energy of a solid is 
a unique function of the electron density and correlate well with more 
precise bonding methods [18]. The Metropolis-Monte Carlo simulation 
method is an alternative to the molecular dynamics one. Its basis is the 
random swapping of atoms positions in pursuit of a more stable overall 
configuration. Recently, hybrid molecular dynamics-Monte Carlo (MC) 
simulation have been used for simulating HEAs [19]. The LAMMPS 
software [20] from Sandia Labs can perform both MD and MC simula
tions in materials using a EAM potential as well as simulate X-ray 
diffraction patterns from atomistic simulation results [21]. This work 
presents Molecular Dynamics and Monte Carlo simulations for the sys
tem Cu–Fe–Ni–Mo–W as well as the experimental evidence which could 
confirm the simulations. This set of chemical elements is representative 
of typical heavy tungsten alloys and include both W and Cu, also typical 
elements used in plasma facing structures for nuclear fusion 
applications. 

2. Experimental details 

An equimolar CuFeNiTaW alloy was simulated using periodic 
boundary conditions. The software LAMMPS of Sandia Labs was used for 
a) Molecular Dynamics b) hybrid Molecular Dynamic/Monte Carlo 
simulations and c) simulated X-ray diffraction of MD and MC simulated 
materials. For bcc simulations (133 cells), the number of atoms was 4394 
and for fcc simulations (103 cells) the number of atoms was 4000. The 
typical sequence of simulation involved several steps of energy mini
mization of the initial configuration, heating to the simulation temper
ature and energy minimization for a period of 6 × 106 time steps. The 
hybrid Molecular Dynamic/Monte Carlo simulation, hereafter referred 
as MC, consisted in the introduction of a Monte Carlo swap attempt 
every 10 Molecular Dynamic simulation steps. The temperature used in 
the Metropolis criterion dictating swap probabilities was the same of the 
isothermal MD simulation. Pressure was maintained at 1 atm. The EAM 
potential for Cu–Fe–Ni–Mo–W was retrieved from NIST [22] referring to 
the original work of Zhou et al. [23]. The same procedure, using the 
same data set for simulation of a binary alloy, has been reported in the 
literature [24]. 

Apart from the simulation studies, there was also experimental work, 
with the Cu–Fe–Ni–Mo–W samples being prepared using arc-furnace 
and ball milling. First, a Cu–Fe–Ni–Mo–W composition sample (each 
element with 99.9% nominal purity and average particle size of 10 μm, 
AlfaAesar) was weight and melted in an arc furnace equipped with a 
cold crucible under an argon atmosphere. In order to increase the ho
mogeneity of the sample, a pellet containing a homogeneous mixture of 
the elements was prepared before used in the melting. The alloys were 
melted at least three times to ensure homogeneity, before quenching to 
room temperature. The mass loss during processing was below 1 wt%. 

Powders of Cu, Ni, Fe, Mo and W (99.9% nominal purity with 
average particle size of 10 μm, AlfaAesar) were mixed in an equiatomic 
proportion and mechanically alloyed inside a high-energy planetary 
Restch EMAX mill, with 1 cm steel balls and steel vials. The balls to 
powder mass ratio was 10:1, and the milling occurred for 4 h at 1200 
rpm. Powder X-ray diffraction measurements of the arc furnace samples 
were performed at room temperature using monochromatic Cu Kα ra
diation in a Panalytical X’Pert Pro diffractometer with a 2θ–step size of 
0.02◦ from 20◦ to 80◦. Moreover, the milled powder was analyzed using 
a PANalytical Empyrean diffractometer in reflection geometry, using Cu 
Kα1 radiation and a step size of 0.013◦. Metallographic preparation of the 
samples was performed by grinding with SiC paper, polishing with 
diamond suspensions of 6 μm, 3 μm and 1 μm nominal grain size, and 

final fine polishing with colloidal silica suspension of 0.2 μm gran
ulometry. The microstructures were observed before and after irradia
tion by secondary electrons (SE) and backscattered electrons (BSE) 
imaging using a JEOL JSM-7001F field emission gun SEM. The trans
mission electron microscopy (TEM) work was performed with a DCOR 
Cs probe-corrected FEI Titan G2 60–300 instrument with 0.08 nm of 
nominal spatial resolution. Chemical information was obtained by X-ray 
energy dispersive spectroscopy (EDS) with a Bruker SuperX EDS system, 
comprising four silicon drift detectors. STEM samples were prepared 
using a Ga+ focused ion beam with a Thermofisher Helios G4 dual beam 
instrument. 

Simple thermodynamics calculations were performed to anticipate 
the structures resultant from the alloying process and helping with the 
interpretation and discussion of the results. Based on empirical models 
[25,26], using the enthalpies and entropies of mixing, ΔHmix and ΔSmix, 
the percentual atomic size differences, δ, and the valence electron con
centrations, VEC, it is possible to predict what solid solutions tend to 
form in the ranges − 15 kJ/mol ≤ ΔHmix ≤ 5 kJ/mol, 1 ≤ δ × 100 ≤ 6 
with the most stable phases being predominantly fcc at VEC ≥8 and bcc 
at VEC <6.87. Between these values, mixed fcc and bcc-type phases are 
expected to coexist. In this context, calculations of the relevant param
eters of Cu–Ni–Fe–Mo–W system are presented in Table 1. Based on the 
calculated values, no solid solutions can be expected for this 
composition. 

3. Results and discussion 

Since the thermodynamical calculations did not predict the forma
tion of a single solid solution, the simulation was started from a random 
distribution of the five elements either with bcc or fcc type-structures as 
presented in the next sections, considering for each type of crystal 
structure one of the simulation models: molecular dynamics (MD) or 
Monte Carlo (MC). 

3.1. Simulation starting from random positions 

An initial attempt for simulation in this system was generated from a 

Table 1 
Thermodynamic calculations for Cu–Ni–Fe–Mo–W system.  

Composition ΔHmix (kJ/mol) δ £ 100 VEC 

CuNiFeMoW 7.04 4.25 8.20  

Fig. 1. Molecular dynamics started from random positions at 300K.  
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set of random atom positions and elements distribution. This arrange
ment of starting configuration was very far from the usual crystalline 
lattice. It was thought that with careful MD simulated cooling for 6 ×
106 time steps from 2500K, above the melting temperature of the alloy, 
to 10K followed by annealing using MC procedure for an additional 6 ×
106 time steps, e.g. at 300K, crystallization might arise. In fact, there was 
no evidence of crystallization (Fig. 1) and the alloy remained in an 
amorphous state. Hence, new starting structures were chosen for the 

simulation, namely fcc and bcc type-structures, as these are the most 
probable outcomes for this type of alloy system. 

3.2. Simulation starting from a bcc type-structure 

Fig. 2 shows the results for (a) molecular dynamics (MD) and (b) 
Monte Carlo (MC) simulations for the Cu–Fe–Mo–Ni–W multi- 
component high entropy alloy at 300K starting with a bcc type- 

Fig. 2. (a) Molecular dynamics and (b) Monte-Carlo simulations started from bcc type-structure at 300K.  

Fig. 3. (a) Potential energy versus temperature calculated starting from bcc via MD and MC and (b) Enthalpy versus temperature calculated via MD and MC 
simulations, (c) chemical segregation versus temperature as measured from analyses on a grid of 27 locations in each simulation and (d) calculated difference in free 
energy between a single phase structure (MD) simulation and a two phase structure (MC) simulation. 
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structure. A uniform distribution of elements was found using the MD 
simulation while a separation into two phases Fe–Mo–W and Cu–Ni are 
presented for MC. 

Fig. 3 exhibits the variation of (a) potential energy and the (b) 
enthalpy of formation as a function of temperature for both simulations. 
Both the potential energy and the enthalpy were obtained directly from 
the LAMMPS simulation. The presented values in Fig. 3, correspond to 
the end of the simulation after 6 million timesteps. The results show that 
at temperatures lower than 1500 K, MC simulation has a more negative 
potential energy and enthalpy of formation than MD simulation. For 
each simulation, the chemical segregation was measured on a grid of 27 
locations in the simulation cell, each analyzing a 9 nm diameter sphere 

of the lattice. The standard deviation of these measurements are shown 
in Fig. 3 (c). The MD simulations produced a uniform solid solution (blue 
curve in Fig. 3 (c)) with an almost flat curve with the values constant. In 
contrast, MC simulations produced much more segregated phases. At 
high temperatures due to thermal agitation, MC simulations tend to be 
less segregated and, close to the melting temperature ~2500K all sim
ulations coincide with the lower value of segregation corresponding to 
the liquid state. Fig. 3 (d) exhibits the calculated difference in free en
ergy between a single phase structure, obtained with MD simulation, 
and a two phase structure, obtained with MC simulation, i.e. ΔG = G two 
phases (MC)-G single phase (MD). This corresponds in general to the 
difference between a two phases separation, the typical result of this MC 
simulation and, a uniform solid solution, the common result of MD only 
simulation. It was assumed for this calculation that only configurational 
entropy (segregated vs uniform) contributes to free energy which was 
verified experimentally [23]. Therefore, it is predicted from the evalu
ation of free energy as function of temperature simulation that a 
two-phase segregated structure will be more stable in the 
Cu–Fe–Mo–Ni–W multi-component system at low temperatures, up to 
500K, whereas at higher temperatures a true solid solution is expected 
when starting from a bcc type crystal structure. 

The XRD pattern simulation is shown in Fig. 4 (a) at 300 K using MC 
and MD calculations. A basic bcc type-structure pattern is evidenced for 
the MD simulation with a lattice parameter of 3.02 Å. However, the 
structure configuration established via MC can be interpreted as a 
tetragonal distortion as well as extra reflection around 2θ = 30o (see the 
arrow in Fig. 4 (a)) compatible with the B2 type-structure with the same 
lattice parameter. 

The partial radial distribution function (RDF) for several types of 
bonds corresponding to the MD simulation at 300K is presented in Fig. 4 
(b). The represented curves are typical of a bcc type-structure although 
the distance of the first neighbor varies significantly with the chemical 
element (see the arrow in Fig. 4 (b)), since the curves are not overlapped, 
indicating a significant degree of micro distortion in the lattice. This is a 
common feature in HEAs [27]. In a HEA local distortions reached 3%, 
although mean values for the alloy were modest ~0.1% [28]. The 
analysis of the XRD calculated from MC simulations at 300K obtained 
separately from the two segregated phases, Fig. 3 (c), clearly shows that 
both the tetragonal distortion and the B2 type-structure extra reflection 
are associated with the Fe–Mo–W phase. The partial radial distribution 
function (RDF) for several types of bonds in Fe–Mo–W phase presented 
in Fig. 4 (d). It shows that the first peaks, correspondent to Fe bonds, are 
at shorter distances than those of the other elements. Therefore, this is 
evidence that the bond lengths involving Fe atoms are shorter than those 
involving Mo and W. This may be the reason for the existence of the 
tetragonal shift identified in the MC simulation at 300K. Moreover, the 
RDF of Cu–Ni phase shown in Fig. 4 (e) evidence the absence of a clearly 
defined second peak around 3 Å (see the arrow in Fig. 4 (e)). This is not 
an unusual feature in HEAs, for instance it has been verified experi
mentally before using neutron and X-ray diffraction [29]. This is 
nevertheless a minor effect; using the common neighbor analysis of 
OVITO software on the MC at 300K simulation a 99% bcc type-structure 
is detected. 

3.3. Simulation starting from a fcc type-structure 

Fig. 5 shows the results for (a) and (b) molecular dynamics (MD) and 
(b) and (c) Monte Carlo (MC) simulations for the Cu–Fe–Mo–Ni–W 
multi-component high entropy alloy at 300K starting with a fcc type- 
structure. Using MD only there is no chemical segregation, (Fig. 5 (a)), 
and the final structure is fully a bcc. A fast phase transition from fcc to 
bcc is observed for final configurations of MD simulations and the final 
chemical segregation is not very different from that of the simulation 
starting with a bcc type-structure. However, as the starting simulation 
cell structure was fcc and the bcc type-structure was formed by local 
nucleation, a polycrystalline structure was formed. Fig. 5 (b) depicts the 

Fig. 4. (a) Simulated XRD from MD and MC simulations starting from bcc at 
300K (b) Partial radial distribution function (RDF) for several types of bonds in 
the MD simulation at 300K (c) Simulated XRD from MC simulations at 300K 
obtained separately from the two segregated phases. (d) Partial radial distri
bution function (RDF) for several types of bonds in Fe–Mo–W phase of the MC 
simulation at 300 K (e) Partial radial distribution function (RDF) for several 
types of bonds in Cu–Ni phase of the MC simulation at 300 K. The arrows in (a) 
show the presence of peak at 30◦, in (b) represented curves which are typical of 
a bcc type-structure and in (d) evidence the first peak which correspond to Fe. 
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grain segmentation obtained via lattice orientations using the OVITO 
software [30]. The MC simulation starting from a random distribution of 
elements in a fcc type-structure yielded two phases: a bcc type-structure 
constituted by Fe–Mo–W and a fcc phase constituted by Cu–Ni (Fig. 5 
(c)). A fast phase transition from fcc to a major bcc and a minor fcc 
phases was observed for final configurations of MC simulations. The 
final chemical segregation is not very different from that of the simu
lation starting with a bcc type-structure, however when starting from a 
fcc crystal in the simulation cell the segregated Cu–Ni phase also shows a 
distinct fcc type-structure, brown phase (Fig. 5 (d)). 

A decisive parameter for microstructure selection is the free energy. 
Fig. 6 shows the enthalpy for MC and MD simulations starting from fcc 
and the calculated difference in free energy between MC and MD. 
Moreover, for comparison Fig. 6 (a) also shows the enthalpy for MC 

simulation starting with both structures (bcc and fcc). Therefore, there is 
a minimum for 700K with a value − 0.1 eV much more negative than the 
one seen for the MC simulation starting from a bcc type-structure 
(− 0.02 eV) indicating a much more stable final configuration. 
Analyzing Fig. 6 (b), it can be observed that the difference between free 
energy is negative above 1300K which indicates that a segregated phase 
should occur below this temperature and a single solid solution should 
be formed at higher temperatures. 

The XRD simulation of the polycrystal resulting from MD simulation 
at 300K starting from fcc type-structure is shown in Fig. 7 (a). The 
pattern is typical of a bcc crystal structure with a lattice parameter of 
about 3.05 Å, albeit again the splitting of the peak around 60◦ can be 
interpreted as a tetragonal distortion, as in Fig. 3 (a). 

The XRD simulation of the whole alloy from MC simulation at 300K 

Fig. 5. Simulations started from fcc type-structure at 300K (a) and (b) Molecular dynamics and grain segmentation (c) and (d) Monte-Carlo and grain segmentation. 
In (d) the brown atoms indicated fcc grains and the remainder are bcc. 

Fig. 6. (a) Enthalpy versus temperature starting from fcc calculated via MD and MC simulations and (b) calculated difference in free energy difference in free energy 
between a single phase structure (MD) simulation and a two phase structure (MC) simulation. 
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starting from fcc, presented in Fig. 7 (b), yielded an asymmetric first 
peak but essentially consistent with a bcc crystal structure with a lattice 
parameter of about 3.077 Å. However, if the XRD patterns of both phases 
are simulated separately (Fig. 7 (c)), it is observed that the Cu–Ni phase 
has a quite broad peak, but the fcc type-structure with lattice parameter 
~3.60 Å is quite different from that of Fe–Mo–W bcc phase with lattice 
parameter ~3.08 Å, hence the asymmetry of the sum peak in Fig. 7(b). 

The RDFs of the MD simulation starting from fcc type-structure at 
300K is presented in Fig. 8 (a) and are typical of a bcc type-structure 
albeit being sourced in a polycrystal simulation cell. In contrast, the 
RDFs of the MC simulation starting from fcc type-structure at 300K show 
two phases quite distinct, typical of bcc and fcc type-structures, 
respectively Fig. 8 (b) and (c), confirming that the chemical segrega
tion of a Ni–Cu phase matches a fcc crystal structure for the MC simu
lation. It can be concluded that the choice of starting structure is decisive 
for achieving the lowest energy configuration. In the present alloy it 
seems that the nucleation of a fcc phase in a bcc matrix is rather difficult 
and induces a very distorted bcc structure to accommodate the chemical 
phase separation. Conversely when starting from a fcc matrix the nu
cleus for the minor fcc is already available and the transformation of the 
major phase to bcc proceeds with ease. Nevertheless, there is always a 
significant dispersion of first neighbor distance in Fe–Mo–W (Fig. 8 (b)), 
typical of HEAs. The simulation results indicate that it much easier to 
nucleate a less compact structure (bcc) from fcc than the opposite even 
when the MC procedure is used. In general, a phase transition simula
tion, such as fcc-bcc, using the Metropolis Monte Carlo method involves 
an intermediate situation of “entropic barrier” that may require special 
techniques to proceed [31]. Using molecular dynamics simulation there 
is evidence that the fcc-bcc transformation proceeds using known 

Fig. 7. –XRD for simulations starting with a fcc type-structure at 300K for (a) 
MD of the polycrystal, (b) MC with XRD of whole Cu–Fe–Ni–Mo–W poly
crystalline alloy, (c) MC with XRD of the two phases obtained separately. 

Fig. 8. RDFs of simulations starting from fcc type-structure at 300K for (a) MD 
simulation resulting in bcc type-structure, (b) MC simulation major bcc 
W–Fe–Mo phase and (c) MC simulation minor fcc Ni–Cu phase. 

Fig. 9. a) Experimental diffractogram of the Cu–Fe–Mo–Ni–W multi- 
component produced by arc furnace together with the (b) bcc and (c) fcc 
type-structure simulations. The peaks at small angles were identified as Fe2O3 
and Ti and a non-identified one. 
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orientation relationships between both lattices similar to those in 
martensitic transformations [32]. 

3.4. Experimental production of the alloy 

In the next section, two types of synthesis of the Cu–Fe–Mo–Ni–W 
multi-component will be presented and discussed. Fig. 9 shows the 

experimental diffractogram of the Cu–Fe–Mo–Ni–W multi-component 
sample produced by arc furnace. The results indicate the presence of 
the peaks of a major bcc type-structure phase with a lattice parameter of 
3.14 Å and a minor fcc type-structure one 3.61 Å (close to that of pure 
Cu). Moreover, Fig. 10 exhibit the microstructure of the 
Cu–Fe–Mo–Ni–W multi-component produced by arc furnace. The 
microstructure evidences two distinct regions: a dendritic and an 
interdendritic one. The EDS map shows that the dendrites correspond to 
a W–Mo rich regions (Fig. 10 (h)) while the interdendritic regions have 
the remaining elements. In these regions a binary eutectic was identified 
as well as Cu segregated phase. In fact, the fcc type-structure found in X- 
ray results (Fig. 9) seems to agree with the Cu-rich phase found in the 
microstructure observation (Fig. 10). However, the formation of Cu–Ni 
phase as was predicted by simulation is not evident. The formation of 
Cu–Ni phase is expectable since the two elements are of similar atomic 
size and have the same fcc structure as was published on [33]. Never
theless, during the preparation by arc-melting of the Cu–Fe–Mo–Ni–W 
alloy, phase separation is expected can occur owing to the extreme 
difference in melting temperature of the constituting elements, ranging 
from Cu (1358K) to W (3680K). Thus this technique is unable to achieve 
thermodynamic equilibrium which means that metastable phases can be 
obtained. 

The powders were also milled and the experimental diffractogram of 
the Cu–Fe–Mo–Ni–W multi-component milled is shown in Fig. 11 
together with the fcc and bcc type-structure simulations. The diffracto
gram indicates the presence of a major phase with a bcc type-structure 
with a lattice parameter of 3.15 Å and a minor phase with a fcc type- 
structure with a lattice parameter of 3.61 Å, which is similar to what 
was found for the samples produced by arc furnace. This value for the fcc 
type-structure is close to the one of the intermetallic proposed by MC 
simulation starting with a bcc type-structure: Cu–Ni intermetallic has a 
fcc type-structure and a lattice parameter of 3.56 Å. 

Fig. 10. (a),(b) and (c) SEM images showing the microstructure of the samples produced by arc furnace. EDS map of figure (c) for different elements: (d) Cu-Kα, (e) 
Fe-Kα, (f) Mo-Lα, (g) Ni-Kα, and (h) W-Mα X-ray lines. 

Fig. 11. Experimental diffractograms of the Cu–Fe–Mo–Ni–W multi-component 
(a) of the milled powder together with the (c) fcc and (d) bcc type-structures 
simulations. 
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Moreover, the lattice parameters predicted for the formation of a bcc 
type-structure at 300 K, derived directly from the size of the simulation 
cells, was 3.08 Å for MC starting from fcc, 3.01 Å for MC starting with 
bcc and 3.02 Å for MD which are discrepant from those observed for the 
sample produced by arc furnace (a = 3.14 Å) and by milling (a = 3.15 
Å). The simulation results albeit far from perfectly predicting the 
constitution of the alloy evidence the superior achievement of the hybrid 
MC over the pure MD. In HEAs with many transition elements, the low 
diffusion rate and the practical time span available for the MD simula
tion process hinders the achievement of most stable configuration. The 
introduction of MC swaps overcomes these physical limitations within 
the available simulation time span. Therefore, the hybrid Monte Carlo 
simulation proved a superior method to the plain MD simulation as it 
predicted phase separation of the same elements as detected experi
mentally while using the same EAM potential. 

Fig. 12 shows the TEM images of the powder after milling together 
with the EDS elemental map for all the elements present in the 
Cu–Fe–Mo–Ni–W multi-component alloy. As can be observed the pow
der have a very small grain size (around 20 nm) and the particles are not 
homogeneous in composition. The EDS map revealed that some particles 
are only W–Mo rich while the others are Cu–Fe–Ni rich. In fact, the 
separation after milling seems to be associated with the difference of the 
melting points of the elements, W and Mo have high values and the 
transition metals Cu–Fe–Ni have the low ones. This can be rationalized 
considering that in mechanical alloying both plastic deformation and 
heating due to collisions play a role in the blending of the elements. The 
higher melting point metals, notably W, hinder the process of metal 
blending, i.e. tend to be excluded from the overall multicomponent alloy 
via mechanisms related to the high melting point of this metal. Firstly, W 
experiences fast work hardening and does not recover below 873K [32], 
unlike most transition metals. It therefore remains in the form of hard 
inclusions [34]. Secondly, the activation energy for diffusion also cor
relates with the melting temperature of the metal [35]. Hence the local 
heating due to collisions of the milling media is much less effective as 

promoting interdiffusion when a high melting point metal such as W is 
present. The atomistic simulations are in general designed for overall 
energy minimization. In particular those involving MC processes can 
achieve the system lowest values of potential energy without resorting 
to diffusion mechanisms to proceed [31]. It is therefore not surprising 
that with MC simulation slightly different phase constitution results are 
obtained relative to those seen experimentally either with melting or 
milling. Moreover, the MC simulation results are an indication of 
possible minimum energy alloy constitution notwithstanding practical 
difficulties such as very different activation energies, amongst the 
different elements present in the alloy, for processes such as diffusion or 
annealing. 

Since the results do not point to the formation of a single solid so
lution, the experimental results are in agreement with thermodynamic 
calculations presented in Section 2. The enthalpy of mixing and the 
atomic size difference can only indicates the possibility of the formation 
of a solid solution, however these two parameters are not sufficient re
quirements. Phase separation and the intermetallic formation are two 
factors that hinder the solid solution formation in HEAs. Moreover, the 
results show that the predictions based on molecular dynamics are also 
not in agreement with the thermodynamic calculations, since the for
mation of a single solid solution did not occur using this method. 

Hybrid simulation (MC) results starting with a bcc type-structure are 
closer to those obtained experimentally regarding a chemical phase 
separation, albeit only predicting the presence of a bcc-type structure. In 
fact, using MC simulation at 300K and starting from a fcc type-structure 
the Cu–Ni phase obtained has a quite broad XRD peak, but an fcc type- 
structure can be indexed with a lattice parameter ~3.60 Å which is very 
close to the experimental one (3.61 Å). In addition, the RDFs from the 
this phase, presented in Fig. 8 (c), clearly indicate a fcc type-structure. In 
contrast, the lattice parameter of Fe–Mo–W with the MC starting with 
bcc type-structure phase obtained is ~3.08 Å, which is quite different 
from that measured experimentally (3.15 Å). 

The MC starting with a fcc type-structure result for the major phase is 

Fig. 12. (a) TEM images of the powder of Cu–Fe–Mo–Ni–W multi-component milled powder together with the EDS maps for (b) Cu-Kα, (c) Fe- Kα, (d) Mo-Kα, (e) Ni- 
Kα and (f) W-Mα X-ray lines. 
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the closest to that seen experimentally (3.15 Å) for the bcc phase for
mation. In contrast with the simulation starting from a bcc type- 
structure, both for MC (3.01 Å) and MD (3.02 Å). The phase separa
tion obtained in MC method starting with a fcc (W–Fe–Mo and Cu–Ni) is 
not in agreement with the TEM results (W–Mo and Cu–Fe–Ni) from the 
milled powder. However, since the simulations were calculated for the 
thermodynamic equilibrium, it is expected that the phase separation to 
be different from that of powders milled at room temperature. More
over, the slight discrepancy in lattice parameter with experimental 
values, even for the MC starting with a fcc type-structure, is probably the 
result of the approximation of the EAM potential that cannot match the 
precision of ab-initio methods such as density functional theory (DFT) 
[36]. However, the MC simulation used is able to simulate a very large 
cell, unlike DFT, and the discrepancies in lattice parameter and phase 
constitution relative to those of the experimental results seem accept
able for a non ab-initio simulation. 

4. Conclusions 

The stability of the prospective Cu–Fe–Mo–Ni–W multicomponent 
alloy was tested using MD and MC simulation from 10K to the melting 
point of the alloy, about 2500K. The choice of starting structure is 
decisive for achieving the lowest energy configuration. Moreover, the 
experimental studies are also presented and compared with the 
simulation.  

• With MD only a uniform solid solution was obtained whereas using 
MC simulation generally produced chemical segregation, i.e. a two 
phase mixture. In the present alloy the nucleation of a fcc phase in a 
bcc matrix is rather difficult. Conversely, when starting from an fcc 
matrix the nucleus for the minor fcc phase is already available and 
the transformation of the major phase to bcc proceeds.  

• Starting the simulation from a fcc-type structure provided both a 
more stable final configuration and phase separation results closest 
to those seen experimentally. The potential energy and enthalpy of 
both types of simulation (MD and MC) versus temperature shows a 
crossover with MC simulated structures more stable at low temper
atures. Starting from fcc, the free energy difference between the two 
simulated structures, uniform solid solution (MD) versus separation 
into two phases (MC) indicates phase separation at low temperatures 
whereas a true HEA is predicted above 1300K.  

• The experimental results show that the sample produced by arc 
furnace exhibit a microstructure with a W-rich dendric phase and a 
interdendritic Cu segregation while the milled powder evidence an 
even powder mixture. Both samples show phase separation in XRD, 
with the formation of bcc and fcc type-structures. It can be concluded 
that the experimental results are closer to what was observed with 
the MC simulation starting from a fcc type-structure, since separation 
into two phases bcc and fcc was correctly predicted. 
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