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A B S T R A C T   

The mechanical properties of age hardenable Al alloys depend strongly on the precipitate microstructure. This 
work has investigated the relationship between properties such as strength and ductility and the distribution of 
precipitates, using three Al-Mg-Si(-Cu) alloys (Cu≲0.1 at.%). A range of ageing conditions was examined in order 
to understand the effect of an evolving precipitate microstructure, and the results were used as input for 
strengthening models. The mechanical properties were obtained by tensile tests and microstructure characteri
sation was attained by transmission electron microscopy. The results showed that minor changes to the Si, Mg, 
and Cu additions – the total addition (at.%) kept approximately equal – had a significant impact on material 
properties, with corresponding changes in the precipitate microstructure. On the peak strength plateaus differ
ences as large as 35 MPa in yield strength were measured between the strongest and the weakest alloy, obtained 
as 410 MPa and 375 MPa, respectively. Higher material yield strength correlated well with a refined precipitate 
microstructure comprising higher number densities of smaller precipitates. Differences with respect to material 
ductility first appeared after moderate overageing of the alloys, showing negative correlation with material 
strength. At significantly overaged conditions the differences in strength exceeded 100 MPa, demonstrating large 
differences with respect to the thermal stability of these materials, which has important consequences for alloys 
exposed to elevated temperatures under in-service conditions. The highly comprehensive body of data presented 
here should serve as a valuable reference in the development of precipitation and strengthening models for the 
Al-Mg-Si-Cu system and will hopefully incite further investigations on the topics covered.   

1. Introduction 

The AA6xxx series Al-Mg-Si(-Cu) alloys contain important age 
hardenable alloys for extruded products in automotive, marine, and 
building construction applications. They are widely used due to their 
low cost, high machinability, and to a combination of attractive material 
properties, including high strength, low weight, nice surface finish, and 
good corrosion resistance. The strongest AA6xxx series Al alloys, e.g. 
6082, are becoming increasingly utilised in the crash-system and the 
steering components of automotive vehicles [1]. It is here important to 
optimise the collision properties of these materials. A high yield 
strength, σy, is crucial in order to resist deformation. The ability to work 
harden and the fracture strain, εf , affect the energy absorption capacity. 
For automotive components that will be exposed to elevated tempera
tures under in-service conditions the thermal stability is important, and 

the change of σy with prolonged ageing is highly relevant in this regard. 
The strength of these alloys is caused by the formation and growth of 

a high density of nanosized rod- and/or lath-shaped precipitate phases 
with long axes parallel to 〈100〉Al, acting as obstacles to dislocation 
motion. Depending on alloy composition and thermomechanical pro
cessing (TMP) various precipitate phases may form. The phases of the 
Al-Mg-Si- and the Cu-added system have been thoroughly characterised 
[2–5]. Changes in composition and TMP will also affect the distribution 
and size of precipitates, which will have a direct influence on material 
properties. 

Considerable research efforts in the past have been made to under
stand the connection between the precipitate microstructure and the 
mechanical properties of Al-Mg-Si-Cu alloys [6–16]. One of the funda
mental interactions that determine the mechanical properties of age 
hardenable Al alloys is that occurring between precipitates and moving 
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dislocations. Al has a fcc crystal lattice, causing dislocations with Bur
gers vector in close packed 〈110〉Al directions to glide on {111}Al planes. 
There are two main types of precipitate-dislocation interactions. Either 
mobile dislocations pass through the precipitate (shearable), or they 
bypass the precipitate, e.g. via Orowan looping (non-shearable) [6–8]. 
Whether a particular precipitate is sheared or bypassed depends on 
several factors, where interface coherence and cross-section area on the 
{111}Al slip planes are the most important. 

Up to the peak hardened state the most common precipitate phase 
existing in the microstructure of Al-Mg-Si alloys is the needle-shaped β′′

phase [17]. In alloys that are Mg-rich (Mg/Si (at.%) > 1) and that 
contain a low addition of Cu (0.05–0.3 Cu at.%), β′′ may coexist with the 
lath-shaped L phase [1,5,18]. In situ investigations performed on an 
Al-Mg-Si-Cu alloy containing both β′′ and L phases suggest that both 
shearing and bypassing of precipitates occur at room temperature, and 
that increasing temperature facilitates bypassing by cross-slip [19,20]. 
Which of the β′′ or L phase precipitates are sheared/bypassed was not 
determined, but there exists strong evidence that β′′ is shearable 
[21–24]. In overaged conditions the precipitates are to a larger extent 
non-shearable [25], i.e. they remain undeformed while the matrix 
around them is deformed. Typical phases existing in overaged, low Cu 
containing Al-Mg-Si alloys are β

′ , Q′ and L phase [5]. Several studies 
have made attempts to estimate the value of the critical dimension that 
determines the transition point between shearable and non-shearable 
precipitates for the various precipitate phases existing in this alloy sys
tem, e.g. Refs. [23,25]. The critical dimension, rc, where this transition 
occurs is important in order to model the strength in these alloys, as the 
obstacle strength, F(r), is usually separated into a weak (r ≤ rc) and 
strong (r > rc) regime. 

Despite the complexity of the underlying strengthening mechanisms, 
many yield strength models developed for Al-Mg-Si-Cu alloys capture 
the general evolution of material strength with ageing to a reasonable 
extent. The crudest models assume a single precipitate type approxi
mated as equivalent spherical volumes, whereas more advanced models 
also take into account the 〈100〉Al oriented, rod-/lath-shaped nature of 
the precipitates and their size distribution. 

This work studies three Al-Mg-Si(-Cu) alloys with nearly equal total 
alloying additions (at.%). Mechanical properties were inferred from 
tensile tests and precipitate statistics were calculated from transmission 
electron microscopy (TEM) results. Given numerous previous de
velopments in the modelling of material strength for Al-Mg-Si-Cu alloys, 
we saw the need for making a comparison between important models 
developed within the field. To this point, we chose here to compare 
experimental findings with the models developed by O. R. Myhr et al. 
[11], S. Esmaeili et al. [13] and B. Holmedal [15]. The combination of 
extensive materials testing, characterisation, and modelling work pro
vided a comprehensive evaluation of microstructure-property relation
ships existing in these alloys. 

2. Experimental details 

2.1. Materials and heat treatments 

Three Al-Mg-Si(-Cu) alloys labelled S, C, and M were designed with 
similar total alloying additions (at.%) and minor differences in the Si:Mg 

ratios and Cu content, see Table 1, [26]. The alloys were provided by 
Neuman Aluminium Raufoss as extruded rods (Ø30 mm). 10 mm height 
cylinder specimens, cut perpendicular to the extrusion direction, were 
given a solution heat treatment (SHT) at 540 ◦C for 12 min in a salt bath, 
and then water-quenched to room temperature. The specimens were 
kept at room temperature for 10 min before artificial ageing (AA) at 180 
◦C in an oil bath. AA was conducted for a series of holding times from 20 
min to 1 month total ageing, which spanned underaged (UA) – through 
peak aged – to significantly overaged (OA) material conditions. A 
schematic of the heat treatment procedure is shown in Fig. 1. 

2.2. Mechanical testing and electrical conductivity 

The cylinder specimens were used for serial hardness and electrical 
conductivity measurements after different ageing times. Vickers hard
ness tests were carried out on a Leica VMHT MOT hardness tester using 
an applied load of 1 kg. 10 indentation marks were inserted concentri
cally on the top face of the cylinder, a few mm from outer edge and 
centre, and formed the basis for calculating the average value for each 
ageing condition. Electrical conductivity was measured using a Foerster 
Sigmatester 2.069. Each value was determined as the average of 5 
measurements on the specimen surface. 

Tensile tests were conducted on cylindrical specimens with 18 mm 
gauge length and Ø6 mm diameter pulled parallel to the extrusion di
rection. The specimens were machined from the centre part of the 
extruded rods and the dimensions are shown in Fig. 2. A universal tensile 
test machine and an optical measurement technique [27] were 
employed for the tensile testing. The tests were conducted at room 
temperature using a load speed of 0.54 mm/min, and 3 parallel 

Table 1 
Compositions of the Al-Mg-Si(-Cu) alloys studied. The last column shows the estimated total concentrations of precipitate forming elements left in solid solution 
immediately after quenching.  

Alloy Al Si Mg Cu Fe Mn Cr Sia + Mg + Cu 

S at./wt. % bal. 0.85/0.88 0.80/0.72 0.01/0.03 0.12/0.24 0.25/0.51 0.08/0.16 1.52/1.44 
C at./wt. % bal. 0.85/0.88 0.71/0.64 0.04/0.09 0.10/0.20 0.22/0.45 0.07/0.14 1.46/1.42 
M at./wt. % bal. 0.62/0.64 0.86/0.77 0.10/0.23 0.13/0.23 0.13/0.26 0.01/0.02 1.46/1.48  

a The incorporation of Si into dispersoids was taken into account using an estimate based on the thermal history of the material and the Alstruc microstructure 
solidification model [26]. 

Fig. 1. Heat treatment procedure applied for the studied Al-Mg-Si(-Cu) alloys.  

Fig. 2. Dimensions in mm for tensile test specimens.  
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specimens were tested in order to get the average value of the tensile 
properties. The radius of the minimal cross-section area, a, the curvature 
radius of the necking region, R, and the corresponding load were 
measured using the optical measurement technique during experiments. 
These parameters were used as inputs for the Gromada necking 
correction approach [28] and the corrected stress-strain curve until 
fracture was then calculated for each condition. Material yield strength, 
σy, was obtained from the curves using the 0.2% offset method. True 
strain, ε, was estimated from the measurements of radius, a, by assuming 
volume consistency. The fracture strain was obtained at the occurrence 
of fracture for each condition, εf = ln (A0/Af ) = 2ln (a0/af ), where A 
denotes the cross-section area in the necking region (subscript 0 =

initial, f = at fracture). 

2.3. Electron microscopy 

Thin foils for TEM experiments were prepared by further cutting and 
grinding the cylinder specimens used for hardness/conductivity mea
surements, down to disks with thicknesses of about 100 μm, and then 
punching them into several smaller Ø3 mm disks. Twin-jet polishing in a 
Struers Tenupol-5 was used to further thin the disks to electron trans
parency. The electrolytic solution comprised a 2:1 mixture of methanol: 
nitric acid maintained at roughly − 25 ◦C. 

Precipitate statistics were obtained using a JEOL 2100 microscope 
operated at 200 kV and equipped with a Gatan Imaging Filter. The 
specimen thickness was measured by electron energy loss spectroscopy 
(EELS) using the t/λ (log-ratio) methodology with an electron mean free 
path λ ≈ 130 nm for 200 keV electrons in the 〈100〉Al zone axis of fcc Al. 
Existing methodologies in microstructure quantification of Al alloys by 
TEM give precipitate dimensions and distributions [29], including pre
cipitate number density, N, length, l, cross-section area, a, and volume 
fraction, Vf . The width of precipitate free zones (PFZs) perpendicular to 
grain boundaries (GBs) were determined from annular dark-field scan
ning TEM (ADF-STEM) images obtained on a JEOL 2100F microscope 
(200 kV). 

3. Results 

3.1. Hardness and electrical conductivity 

The hardness and the electrical conductivity of the alloys at different 
ageing times are shown in Fig. 3. It is seen that alloys C and M both 
started out higher in hardness than alloy S, and after 10 min ageing these 
were at roughly 80 compared to 65 HV, respectively. Subsequently, all 
alloys showed a similar rate of hardness increase, all reaching close to 
peak hardness after roughly 2 h ageing, with values ranging from 122 
HV for alloy S to 128 HV for alloy M. The hardness then remained nearly 
constant, and all alloys exhibited a similar duration in the peak hardness 
plateau, from approximately 2 h–12 h ageing. At 12 h ageing, alloys S 
and C exhibited comparable hardness values, 122 HV, and the rate of 
hardness decrease with following overageing was similar in the two 
alloys. After 4 days of ageing there had again developed a significant 
hardness difference between alloys S and C, and beyond this point alloy 
C stayed roughly 8 HV higher than for alloy S. 

With overageing alloy M differed strikingly from alloys S and C. At 
12 h ageing alloy M measured 126 HV, and with further ageing it 
maintained a substantially higher hardness than alloys S and C for all 
subsequent conditions, indicating a considerably improved thermal 
stability. After roughly 5 days ageing the hardness difference relative to 
alloys S and C was at a maximum, and it stayed nearly unchanged with 
further ageing. At 5 days ageing and onwards, the hardness difference 
was near 19 HV relative to alloy C, and about 23 HV to alloy S. After 1 
month accumulated ageing, the hardness of alloys S and C measured 70 
and 75 HV, respectively, which was within 5 HV of their corresponding 
10 min ageing measurements. Alloy M measured 94 HV at 1 month 
ageing, which was still significantly higher than the 10 min value at ≈

80 HV. 
The electrical conductivity of alloy M started out at 24.4 MS/m after 

10 min ageing, higher than both alloys S and C at ≈23.5 MS/m. Further, 
the conductivity of alloys S and C increased at a higher rate than for 
alloy M. Near peak hardness (≈ 3h) all alloys exhibited similar con
ductivity values, measuring roughly 26 MS/m. Beyond moderate over
ageing (> 24h) the ordering high-to-low was reversed relative to the 
hardness at corresponding ageing times. The ordering high-to-low in 
terms of conductivity was here: alloy S, alloy C, and alloy M. Final values 
reached after 1 month ageing were 28.3, 28.0, and 27.7 MS/m for alloys 
S, C, and M, respectively. 

The material conditions selected for TEM experiments were chosen 
based of the plots in Fig. 3, and are shown in Table 2. With the aim to 
understand the influence of an evolving microstructure on the overall 
strength and ductility of the material, a range of conditions was selected, 
encompassing UA, peak hardened, and significantly OA material 
conditions. 

3.2. Tensile properties 

Tensile tests were performed on several material conditions, 
including all conditions selected for TEM studies. The true stress-strain 
curves for all ageing conditions in each alloy are shown in the Supple
mentary Information (SI) in section SI 1 (Fig. SI 1, Fig. SI 2, and Fig. SI 
3), with following tables (Table SI 1, Table SI 2, and Table SI 3) showing 
the parameters of the fitted 4-term Voce equation for each curve. The 
main results obtained from the true stress-strain curves are presented in 
Fig. 4, showing the material yield strength, σy, and the true fracture 
strain, εf . 

The main trends of the σy-plot in Fig. 4a show good agreement with 

Fig. 3. (a) Vickers hardness (HV) and (b) electrical conductivity after different 
ageing times at 180 ◦C. 

Table 2 
Ageing conditions selected for TEM experiments.  

Alloy Time of ageing at 180 ∘C  

S 20 min, 3 h, 12 h, 24 h, 1 week, 2 weeks, 1 month 
C 20 min, 3 h, 12 h, 24 h, 3 days, 1 week 
M 20 min, 3 h, 24 h, 1 month  
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the Vickers hardness plot in Fig. 3a. One exception is due to alloy C, 
which in the σy-plot is no longer sandwiched in-between alloys S and M 
in value. At UA and peak aged conditions alloy C obtained highest 
σy-values, with a peak value of 410 MPa at 5 h ageing, compared to 392 
MPa (5 h) and 406 MPa (12 h) for alloys S and M, respectively. In 
agreement with measured hardness, alloy M reigned supreme at OA 
conditions (> 12 h). At significantly OA conditions (> 1 week), alloy M 
stayed roughly 60 and 100 MPa higher in σy as compared to alloys C and 
S, respectively. Alloy C stayed close to- but exhibited consistently higher 
σy than alloy S with overageing. σy at 20 min ageing was also notably 
higher than the value at significantly OA conditions (> 1 week ageing) 
for all alloys. In the case of hardness, these outer extremes of UA vs OA 
values were closer, with the exception of alloy M. 

True fracture strain, εf , remained comparable for all alloys (51%– 
55%) up to the onset of overageing, at about 12 h. Beyond this point the 
differences became progressively larger, and the ordering high-to-low 
was alloy S, C, and M, respectively, reversed with respect to the 
σy-ordering at corresponding conditions. Final values reached after 1 
month ageing were 86% for alloy S, 74% for alloy C, and 67% for alloy 
M. 

3.3. Quantification of precipitate statistics by TEM 

Bright-field TEM images of the precipitate microstructures in the 
three alloys after various ageing times are shown in Fig. 5. At 20 min 
ageing (Fig. 5a–c), a highly dense microstructure of atomic clusters/GP- 
zones and small precipitates existed, with main growth dimension rarely 
exceeding 9 nm in length for all alloys. Near the peak hardened state at 
3 h ageing (Fig. 5d–f), the microstructures comprised high densities of 
short β′′ phase precipitates with characteristic strain contrast (dark lines) 
running parallel to the main growth direction. In alloy M, longer and 
narrower lath-shaped L phase precipitates were also present (high
lighted). After 1 week ageing, the precipitates in alloys S and C had 
grown very large as compared to the 3 h condition (Fig. 5g and h). In 
addition, the precipitate density had been reduced significantly as ex
pected for OA conditions. The precipitates in alloy M demonstrated a 
high resistance towards coarsening, and at 1 month ageing (Fig. 5i) their 

average size was still smaller than the precipitates at the 1 week ageing 
condition in alloys S and C. The development in average precipitate 
cross-section areas and lengths are shown in Fig. 6. From the 3 h ageing 
condition and onwards, it was relatively straightforward to classify the 
cross-sections as either lath-type or rod-type. Narrow, lath-shaped cross- 
sections extended along [010]Al and [100]Al directions were visible in 
both alloy C and M (highlighted). It was clear that the lath-type pre
cipitates were more frequent in alloy M. Lath-shaped precipitates are 
either L phase or C phase precipitates [30]. The rod-type precipitates 
present were mainly β′′, β′ , and Q′ phase precipitates. It is important to 
note that a Q′ phase precipitate can also exhibit a lath-type morphology, 
but its interface will run along 〈150〉Al directions, see e.g. Ref. [31]. 
Alloy S did not show any clear presence of lath-type precipitates. 
Detailed characterisation of precipitate structures in the alloys studied 
here are presented in the related work by Sunde et al. [5]. This work also 
quantified the distribution of precipitate phases at different ageing 
conditions using a scanning diffraction approach. 

The precipitate number density was calculated as N = 3N‖/(A(t +
lm)), where N‖, is the number of precipitate cross-sections in the image, 
A is the field of view area, t is thickness in the centre of the image, and lm 
is the average measured precipitate length. The factor 3 accounts for the 
3 growth directions of the precipitates, hence assuming a uniform dis
tribution. The volume fraction was subsequently calculated as 
Vf = N⋅l⋅a, where l and a denote the average precipitate length and 
cross-section area, respectively. N and Vf were calculated for all alloys 
for the conditions selected for TEM studies, and the results are shown in 
Fig. 7. All numerical values for the measured and calculated precipitate 
statistics are presented in Table SI 4, Table SI 5, and Table SI 6, for alloys 
S, C, and M, respectively. 

As seen from Figs. 6 and 7, there were clear differences in precipi
tation between the alloys, despite their similar compositions and TMP. 
In terms of average precipitate parameters l and a (Fig. 6a and b), the 
rod-type precipitates of alloy M had consistently smaller dimensions as 
compared to the precipitates of alloys S and C, at the same ageing time. 
The lath-type precipitates of alloy M were longer than the precipitates of 
alloys S and C at 3 h and 24 h ageing. As seen from Fig. 7a, the lath-type 
precipitates of alloy M were in relatively low number densities at the 
corresponding ageing conditions. Lath-type precipitates were also pre
sent at the 1 month condition in alloy M, but the coarsened precipitates 
lying in-plane were not clearly separable as rods and laths (see Fig. 5i) 
and were therefore assumed to be approximately equal in size. 
Comparing the precipitates of alloy C to S, the length of the former 
stayed somewhat smaller for all corresponding conditions. The cross- 
section areas of the precipitates in alloy C also stayed smaller than for 
S up to 24 h ageing, but then became larger with significant overageing. 

For a given ageing time, the precipitate number density (see Fig. 7a) 
was consistently highest in alloy M, followed by alloy C, and lastly S. The 
difference between alloy M as compared to both C and S became larger 
with prolonged ageing. For alloy M the number density of rod-type 
precipitates dropped off by more than an order of magnitude with 
ageing, whereas the lath-type precipitates stayed at the same order of 
magnitude even after 1 month ageing. The thermal resistance of lath- 
type precipitate phases, i.e. C and L phase, has also been demon
strated previously [1,32]. Comparing the number density for alloys C 
and S, it is seen that alloy C started out significantly higher than alloy S, 
but the difference decreased up to the point of moderate overageing (24 
h). At the significantly OA state at 1 week ageing, alloy C was again 
higher in number density as compared to alloy S. 

The volume fraction (see Fig. 7b) did not display as clear differences 
as were seen for the other precipitate statistical parameters. Note the 
uncertainties in calculated values. The main source of uncertainty is due 
to the thickness estimation by EELS (Δt/t ≈ 10%). The lower number 
density of precipitates in alloy S seems to be compensated by the 
increased size of precipitate parameters l and a, making the volume 
fraction comparable to alloys C and M. The volume fraction of alloy C is 

Fig. 4. Material tensile properties obtained from true stress-strain curves, 
showing (a) yield strength and (b) true fracture strain after different ageing 
times at 180 ∘C. 
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similar to that of alloy M for the same reason, but the calculations 
indicate that the volume fraction of alloy M is somewhat larger up to the 
point of moderate overageing (24 h). It is also seen that for alloy M the 
lath-type precipitates were largest in number and volume over rod-type 
precipitates at the significantly OA condition (1 month). 

The PFZ width perpendicular to GBs was also measured in each 
condition studied, see Fig. 8. The PFZ widths were nearly equal for alloys 
S and C, but differed notably for alloy M, being lower than all corre
sponding conditions in alloys S and C. After 1 month ageing there was a 
large difference between the PFZ width in alloy S at 267± 18 nm to that 
of alloy M at 172 ± 8 nm. 

4. Discussion 

4.1. Microstructure-property relationships 

With few exceptions, it was generally observed that alloy M exhibi
ted the highest strength and hardness with ageing, followed by alloy C, 
and lastly alloy S, see Figs. 3a and 4a. It was also generally observed 

from the microstructure results in Figs. 6 and 7 that alloy M showed the 
most refined precipitate microstructure, with smaller precipitate pa
rameters, l and a, and higher precipitate number densities, N. Alloy C 
places second and alloy S is last. Although the precipitates in alloy C at 1 
week ageing had a larger cross-section area than those of alloy S, the 
average precipitate volume, Vp = l⋅a, was smaller for alloy C, which also 
had a slightly higher number density. The precipitate statistics of alloys 
S and C were closest in value between the 24 h and the 1 week ageing 
conditions, which were also the conditions where the measured hard
ness and strength were the most similar, see Figs. 3a and 4a. 

At a fixed volume fraction, with precipitates of similar types and 
morphology, a denser distribution of smaller precipitates is generally 
stronger than a sparse distribution of coarse precipitates, due to the 
statistically increased number of dislocation pinning points in each slip 
plane. The observed refinement in precipitate microstructure thus sup
ports alloy M having the highest strength, followed by alloy C, and lastly 
alloy S. 

An exception not immediately explained by this reasoning is the 
slightly increased strength of alloy C as compared to alloy M between 1 h 

Fig. 5. (a–i) Bright-field TEM images of indicated alloys and ageing times. All images are acquired near the [001]Al zone axis.  
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and 5 h ageing. The calculated number densities at 3 h ageing were 
similar, at (93±9)⋅103 μm− 3 compared to (109±12)⋅103 μm− 3 for alloys 
C and M, respectively, and within the uncertainty of the measurement 
errors. Furthermore, the hardness seen in Fig. 3a showed that alloy M 

was harder than alloy C at all corresponding ageing conditions. The 
precipitate cross-section areas were comparable at UA and 3 h ageing, 
which implies that the obstacle strengths should be similar. However, as 
previously noted, alloy M also had a significant presence of lath-type 
precipitates, most notably L phase, which has a different aspect ratio 
and crystal structure than the β′′ precipitate phase, and will therefore 
differ in dislocation obstacle strength. From microstructure observations 
it is therefore less evident how to explain the relative strength difference 
between alloys C and M at these conditions. As pointed out, it could be 
due to the uncertainties in measured precipitate statistics, or it could 
potentially indicate that L phase precipitates are weaker dislocation 
obstacles than β′′ phase precipitates for smaller precipitate sizes. 

With subsequent overageing, the number density of alloy M at 24 h 
and 1 month ageing was significantly higher than that of the corre
sponding OA conditions in alloys S and C, see Fig. 7. For alloy M, the 
precipitate parameters l and a did also not grow as fast as those of alloys 
S and C, see Fig. 6. This supports the measurement of a significantly 
higher material strength at these conditions. The conductivity plot seen 
in Fig. 3b also indicates that there occurred a slower coarsening of 
precipitates in alloy M beyond 24 h ageing relative to alloys S and C, as a 
lower conductivity normally correlates with a higher solute content in 
the matrix, and hence a reduced uptake of solutes in precipitates. It is 
also supported by the observation of a significantly reduced PFZ width at 
GBs in alloy M as compared to alloys S and C, see Fig. 8, which also 
indicated that more solutes remained in solid solution for alloy M as 
compared to alloys S and C with overageing. 

The true fracture strain of the alloys remained similar up to the point 
of moderate overageing, at about 24 h, see Fig. 4b. After this point, there 
was a strong correlation between increased strength and a decreased 
fracture strain, as reported earlier [33]. Previous findings suggest that 
material ductility is mainly determined by the presence of larger, coarse 
particles in the alloys. It has for instance been demonstrated that coarse 
particles and precipitates on GBs are important sites for nucleation and 
growth of intergranular ductile fracture [34]. Some studies also point to 
the PFZ width as important for explaining ductility, as narrow PFZs may 
act to increase strain localisation and accelerate void nucleation and 
growth at GB particles [33,35]. The Fe content of the alloys studied here 
was nearly equal, see Table 1. Although not quantified, the similar 
processing parameters should therefore have resulted in similar distri
butions of primary particles in the three alloys. Alloy M had about half 
the Mn content and a much lower Cr content than alloys S and C, and 
therefore formed significantly fewer dispersoids, as seen qualitatively 
from low magnification ADF-STEM images. Based on the observed 
similarity in fracture strain up to the point of moderate overageing, the 
primary particles and the distribution of dispersoids were therefore not 
key in terms of determining material ductility. 

Alloys S and C were the most similar in terms of composition, grain 

Fig. 6. (a) Average length and (b) cross-section area for precipitates in all 
ageing conditions studied in alloys S, C, and M. 

Fig. 7. (a) Precipitate number density and (b) precipitate volume fraction in 
each alloy and ageing condition studied. 

Fig. 8. Average measured PFZ width perpendicular to GBs in each alloy and 
ageing condition. 
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structure, precipitate microstructure, and PFZ widths. At the 1 week 
ageing condition, the difference in fracture strain between alloys S and C 
measured Δεf ≈ 7%, with alloy S being the most ductile. At this condi
tion, it was measured a higher number density of precipitates in alloy C 
than for S, obtained as 2153 and 1498 μm− 3 for alloys C and S, 
respectively. The precipitates had a similar average volume in both al
loys, see Fig. 6. This supported the measurement of a higher yield 
strength for alloy C than for S at this condition, obtained as 236 and 200 
MPa for alloy C and S, respectively. Without any other notable differ
ences in terms of material microstructure, the differences measured in 
fracture strain for all alloys were most likely due to the earlier nucleation 
of voids experienced by the strongest alloys, as explained in Ref. [36], 
which again is generally linked to the alloy with the highest number 
density of precipitates. 

In summary, it was seen that a refinement of the precipitate distri
bution – with smaller precipitate parameters l and a and an increased 
density N of precipitates – correlated well with a higher material hard
ness and yield strength. The substantially retained strength of alloy M as 
compared to alloys S and C at OA conditions was seen as a consequence 
of the increased resistance towards coarsening and dissolution exhibited 
by the precipitates in this alloy. The formation of L phase precipitates is 
particularly important for explaining the observed differences, due to 
the improved thermal resistance of this phase as compared to the β′′

phase [1,32]. This phase forms in alloy M because it is promoted by 
increased Mg/Si levels in combination with moderate additions of Cu 
(Cu≳0.1 at.%) [1,5]. Material ductility, assessed from measured fracture 
strain in the alloys, showed no significant differences up to the point of 
moderate overageing. After this point there was a strong correlation 
between increased strength and a decreased fracture strain. 

4.2. Strength modelling 

The study presented here is a suitable test case for modelling work. It 
provides material testing results and a quantification of the alloy 
microstructure at a range of ageing conditions from UA to significantly 
OA conditions. There exist many strengthening models for the AA6xxx 
series Al alloy system which attempt to link microstructure parameters, 
such as grain size, texture, precipitate size distribution, etc., to the 
macroscopic yield strength, σy. Several strengthening mechanisms are 
operative at room temperature, the most important of which is that due 
to the precipitates, σp. In addition, one must add the contribution from 
solid solution strengthening, σss, as well as the intrinsic strength of pure 
Al, σi. If the latter is experimentally measured on a material of compa
rable grain size to that of the alloy under consideration, this also ac
counts for grain size strengthening effects. The contributions are 
typically added linearly [11,12]: 

σy = σp + σss + σi. (1) 

In estimating the solid solution strengthening, the contribution from 
each element is typically also added linearly, given as [6,37]. 

σss =
∑

i
kiC

2
3
i , (2)  

where ki is the scaling factor and Ci is the mass fraction of a specific 
element (i) in solid solution (wt.%). 

The strengthening contribution from the distribution of precipitate 
needles and/or laths growing along 〈100〉Al directions is more chal
lenging to estimate. In the following, we have applied three selected 
models, see Table 3, for predicting the contribution σp. The NaMo, 
Esmaeili, and Holmedal models [11,13,15] have shown good agreement 
with selected experimental findings, and are recognised in the scientific 
literature. The models have here been modified as compared to their 
originally presented forms, with the intent to put them into a common 
framework, which is described in the work of Holmedal [15]. In the 
paper by Holmedal, the precipitate contribution to the stress is 

calculated using Kocks statistics [7,8], which are based on numerical 
line-tension simulations of a dislocation gliding through an array of 
obstacles. Using recent line-tension simulations by Vaucorbeil et al. [38, 
39], Holmedal estimated the tensile stress using the following equation: 

σp =Mτ= 0.9M(2β)μb
̅̅̅
n

√
f 3

2

(

1 −
1
6

f 5
)

. (3) 

Here, M is the Taylor factor, τ is the critical resolved shear stress, μ is 
the shear modulus of the Al matrix, b is the length of the Burgers vector, 
and n is the density of obstacles per area slip plane. 
f = F/2βμb2 = cos(φc /2) is the non-dimensional mean obstacle 
strength, where F is the mean obstacle strength, βμb2 is the line tension 
of the dislocations, β ≈ 1/2 is a constant, and φc is the obstacle breaking 
angle of the dislocation. Note that Eq. (3) is applied here for all models, 

replacing the Friedel statistics, σp = Mμb
̅̅̅
n

√
f

3
2, on which the original 

models by Deschamps and Brechet [10], Myhr et al. [11], and by 
Esmaeili et al. [13] were based. Note also that the two special cases of 
weak and strong obstacles in the Esmaeili model are here merged, using 
instead the approach by Holmedal. This makes the Esmaeili model more 
general, while its predictions remain essentially the same for the two 
special cases. 

The way to derive the non-dimensional mean obstacle strength, f , is 
slightly different for the considered models. The Esmaeili model can be 
regarded as a simplified version of the Holmedal model, where f is 
estimated simply as a function of the mean cross-sectional area of the 
precipitates. The approach by Holmedal takes into account the statistical 
distribution of the number of pinning points per particle, which depends 
on the length of the particle. In addition, the strength of pinning points, 
which depends on the particle’s cross sectional area, is accounted for. 
This requires numerical integration of 

f =
1
Nl

∫

f φlldl, (4)  

for a strength, f(a), and size distribution, φl, of precipitates with length l 
and cross-sectional area a = l2/Ω2. Note that the size distribution here is 
not normalised, i.e. 

∫
φldl = N. It is assumed that the aspect ratio Ω is a 

function of l, i.e. a strong correlation between the length and cross- 
section area distributions. For a sufficiently narrow size distribution 
the Esmaeili and Holmedal models become equal. 

The models by Deschamps and Brechet [10], and later the NaMo 
model [11], consider volume-equivalent spherical precipitates, for 
which 4πr3

eq/3 = al. For each precipitate, the obstacle strength is 
assumed to depend on its volume, i.e. a function f(req), and the 
non-dimensional mean obstacle strength is integrated numerically from 
the precipitate size distribution as 

Table 3 
Strengthening models for estimating σp. For a detailed description of 
the models the cited works should be consulted.  

Key equations References 

n =
3Vf

2πr2
eq

,  [10–12] 

f(req) = min

⎛

⎝
req

req,3h
,1

⎞

⎠
(NaMo) 

n =
Vf

2πr2,  [9,13] 

f(r) = min

⎛

⎝ r
r3h

,1

⎞

⎠
(Esmaeili model) 

n =

̅̅̅
3

√

3
Nl,  

[15,27] 

f(a) = min

⎛

⎝ a
a3h

,1

⎞

⎠
(Holmedal model)  
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f =
1
N

∫

f φreq
dr. (5) 

This integral does not account for the fact that larger particles pierce 
more glide planes and therefore contribute with more pinning points 
than smaller particles. An alternative expression for shearable spherical 
particles, similar to Eq. (4), may be found in Ref. [15]. However, since 
the particles considered in this work are not spherical anyway, this 
difference must be expected to be of second order. For the obstacle 
strengths, expressions similar as reported for the respective models were 
used, see Table 3. 

TEM measurements gave distributions of precipitate lengths, l, and 
cross-section areas, a, at each studied ageing condition, with average 
values shown in Fig. 6. The distribution of precipitate lengths, φl , was 
found to be best fitted using a log-normal function 

φl =
N

l
̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

2πln
(

1 + s
/

l2
√ ) exp

⎛

⎜
⎝ −

ln
(

l
̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

1 + s /l2
√

/l
)2

2ln
(

1 + s /l2
)

⎞

⎟
⎠, (6)  

where s is the variance of the distribution. Generally, two precipitates of 
equal length may have different cross-section areas. The two are how
ever correlated, and the aspect ratio Ω = l/

̅̅̅
a

√
may for simplicity be 

assumed to change as some function Ω(l) of the needle length, i.e. a 
direct correlation between the statistical distributions of needle lengths 
and cross-section areas. Using the average precipitate cross-section area, 
a, and the average precipitate length, l, measured at each ageing con
dition, the average precipitate aspect ratio was calculated as Ω = l/

̅̅̅
a

√
. 

A function Ω(l) was fitted to the calculated average values. The obtained 
function Ω(l) enabled conversion from measured distributions of pre
cipitate lengths to cross-section areas and corresponding precipitate 
cross-section dimensions/radii. In order to apply the NaMo model, 
where the precipitates are assumed to be spherical, the radii were 

calculated by equating Vsphere =

(
l

Ω(l)

)2
⋅l, thereby converting to a dis

tribution of volume equivalent spherical precipitates. A minor correc
tion also had to be made to account for rod-shaped precipitates with a 
circular cross-section in the Esmaeili model, compared to square cross- 
sections in the Holmedal model. 

Important for the application of all strengthening models is the 
critical dimension defining the transition point between shearable and 
non-shearable precipitates. This transition point was selected as the 
relevant dimension (cross-section area, length, or radius) calculated 
from the average precipitate parameters at 3 h ageing in each alloy, i.e. 
near peak strength. 

The macroscopic yield strength for each alloy was calculated using 
Eq. (1). The intrinsic strength of pure Al, σi, was obtained experimen
tally, using the methodology and parameters described in the 

experimental section. The solid solution strengthening, σss, was calcu
lated using Eq. (2), where Ci for Mg, Si, and Cu were approximated from 
measured precipitate volume fractions, precipitate phase fractions as 
obtained by scanning precession electron diffraction (SPED) experi
ments, and reported precipitate phase chemical compositions, see SI 4. 
Using HyperSpy [40], the SPED data was decomposed using an unsu
pervised machine learning algorithm based on non-negative matrix 
factorization. The results were matched to (kinematically) simulated 
diffraction patterns of precipitate crystal structures in the Al–Mg–Si–Cu 
system, which enabled phase identification. Subsequently, precipitate 

Table 4 
Values used for model parameters.  

Parameter Value 

σi  35 MPa a 

kSi, kMg, and kCu  66.3, 29.0, and 46.4 MPa/wt.% b 

M 3.05 c 

Alloy S: req,3h, r3h, a3h  3.54 nm, 3.54 nm, 12.45 nm2 

Alloy C: req,3h, r3h, a3h  3.25 nm, 3.18 nm, 10.13 nm2 

Alloy M: req,3h, r3h, a3h  2.97 nm, 3.21 nm, 10.29 nm2  

μ 19.8 GPa 
β 0.47 [11]  

a Obtained from tensile tests on pure aluminium. 
b Taken from Ref. [11]. 
c Calculated from the measured extruded texture using the ALAMEL crystal 

plasticity model [42,43]. 

Fig. 9. Experimental results and model predictions of yield stress as a function 
of ageing for alloy S. 

Fig. 10. Experimental results and model predictions of yield stress as a function 
of ageing for alloy C. 

Fig. 11. Experimental results and model predictions of yield stress as a function 
of ageing for alloy M. 
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phase fractions were estimated using a pixel-based calculation where 
each precipitate PED pattern has been divided into a sum of the iden
tified phase patterns. The details of this methodology and the calculation 
of Ci are explained in the related work by Sunde et al. [41]. Finally, the 
precipitate strengthening contribution, σp, was calculated by applying 
the three selected models. The parameter values used in the calculations 
are shown in Table 4. 

Fig. 9, Fig. 10, and Fig. 11 show the comparison between the three 
applied models and the experimentally measured yield strength for al
loys S, C, and M, respectively, for different ageing conditions. It is 
generally observed that the models capture the overall trend of the 
experimental results to a reasonable extent. The Holmedal model 
particularly obtains an excellent agreement for most conditions in all 
alloys. The Esmaeili model also generally shows a good agreement with 
experimental results. For alloys S and C it underestimates the strength up 
to the point of moderate overageing (24 h). For alloy M it overestimates 
the strength quite significantly at 3 h, where it predicts this to be the 
highest among all alloys and ageing conditions. The NaMo model ob
tains the best overall fit with the UA condition at 20 min ageing, and 
then mostly predicts a similar strength as the Esmaeili model up to the 
point of moderate overageing (24 h). Subsequently, at significantly OA 
conditions (> 24 h ageing), the NaMo model underestimates the 
strength by > 40 MPa for all conditions. 

The underestimation of the strength at OA conditions by the NaMo 
model is most likely a consequence of the underlying simplification of 
using a spherical precipitate geometry. The geometry of a precipitate is 
important as it affects how many {111}Al slip planes a precipitate of a 
given volume Vp intersects. A spherical precipitate of radius r will act as 
a dislocation obstacle for a slip plane located within a distance ± r from 
the precipitate centre. A needle-shaped precipitate will act as a dislo
cation obstacle in any {111}Al slip plane located within a distance ±
lcosθ = ±l/

̅̅̅
3

√
from the precipitate centre, where θ = 54.74∘ is the angle 

between the glide-plane normal and the needle direction. As seen from 
Fig. 6, the precipitates grow to reach lengths that are several 10s of times 
longer than their diameter/thickness, which implies that the strength
ening effect per precipitate is greater for needle-shaped precipitates as 
compared to equivalent volume spherical precipitates. In the models 
applied this has consequences for the calculation of n, i.e. the density of 
obstacles per area slip plane. 

The relative differences between the models and experimental re
sults in the range 20 min ≤ t ≤ 24 h show the same trend for alloys S and 
C shown in Figs. 9 and 10, and differ somewhat for alloy M, see Fig. 11. 
The similarities in the predictions for alloys S and C were expected, as 
the compositions of these alloys were very similar, and with both alloys 
showing a similar overall precipitation [5]. For alloy M, all models 
overestimate the strength at 3 h ageing, and the NaMo and Esmaeili 
models predict this as the highest among all alloys and ageing times. For 
the 3 h ageing condition in alloys S and C, the NaMo and Esmaeili 
models underestimate the strength. Part of the reason for this over- and 
underestimation of strength must lie in the observed coexistence of two 
precipitate classes, namely β′′ and L phase precipitates, which was 
mainly observed in alloy M. It was measured a number density of 
roughly 10,000 and 100,000 μm− 3 lath- and rod-type precipitates in 
alloy M at 3 h ageing, respectively, compared to 93,000 rod-type pre
cipitates in alloy C (ΔN/N ≈ 10%). The length of the rod-type pre
cipitates in alloy C at 3 h ageing was somewhat longer than for alloy M, 
at 12.6 nm compared to 10.7 nm, respectively, and with nearly equal 
cross-section areas. 

Because the NaMo and Esmaeili models overestimate the strength of 
alloy M at 3 h ageing, this suggests that a significant fraction of the 
precipitates at this condition should still be considered weak, and 
therefore that the critical radius, rc > r3h. The differences in the crystal 
structures of the β′′ and L phase precipitates imply that they will have 
different critical cross-section areas or radii defining the shearable/non- 
shearable transition point. These were assumed to be equal in the 

calculations presented here, and set to the average value measured. In 
the discussion of the strength comparison between alloys C and M at 3 h 
ageing, see section 4.1, it was suggested that the L phase precipitates 
may be weaker dislocation obstacles than the β′′ precipitates at moder
ately aged conditions (t < tpeak). This is also indicated here in the com
parison to modelling results. Simulations of interactions between 
moving dislocations and β′′ and L phase precipitates at the atomic level 
would provide more insight into this observation. 

5. Conclusions 

A combination of mechanical testing, TEM precipitate microstruc
ture quantification, and strength modelling have been applied to better 
understand material-property relationships in three Al-Mg-Si(-Cu) alloys 
of similar compositions at a range of ageing conditions. 

It was found that relatively small changes in alloy compositions 
caused significant differences in the precipitate microstructures, with 
corresponding significant differences in the measured material proper
ties, including yield strength and fracture strain. The Mg-rich and 
highest Cu content alloy M generally showed the highest strength with 
ageing. This was explained based on an increased refinement of the 
precipitate microstructure, with higher number densities of smaller 
precipitates at all ageing conditions, as compared to the more Si-rich 
alloys S and C. Furthermore, alloy M also formed lath-shaped L phase 
precipitates with high aspect ratios, exhibiting large resistance towards 
dissolution/coarsening, which was the main explanation for a signifi
cantly improved thermal stability for alloy M as compared to S and C. 
Comparing alloys S and C, the higher Cu content of alloy C caused an 
increased refinement of the precipitate microstructure, with resulting 
higher strength than for alloy S. The highest yield strengths obtained 
were 392, 410, and 406 MPa for alloys S, C, and M, respectively. Three 
strengthening models were applied using the calculated precipitate 
statistics and the results showed generally good agreement with exper
imental results. Material ductility remained comparable for all alloys up 
to moderate overageing, and then a higher material strength corre
sponded with a lower material ductility. The difference became pro
gressively larger with further overageing. 

It is the authors’ intent that the large body of data presented in this 
study should encourage further studies and developments, particularly 
on the aspect of precipitation and strength modelling work for the Al- 
Mg-Si-Cu system. 
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