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Abstract: The influence of dispersoids on work hardening behavior of aluminum during tension and
cold rolling has been studied by comparing Al-Mn alloys containing similar amounts of solutes but
various dispersoid densities. The microstructure evolution with deformation strain was examined in
both transmission and scanning electron microscopy. It is found that a high density of fine
dispersoids strengthens the materials significantly, but their strengthening effect diminishes as the
strain increases. From a series of Bauschinger tests, it is found that the internal stress due to
particles increases rapidly at the initial stage of deformation, but it saturates at strains larger than
5%. It is concluded that the internal stress make a small contribution to the work hardening and
contributes to less than 10% of the total flow stress during monotonic loading at strains larger than
5%. The work hardening behavior has been correlated to the corresponding microstructure and the

strengthening mechanism is discussed.
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1. Introduction

Dispersion hardening caused by non-shearable particles is an important mechanism to strengthen
materials. While precipitates are the essential strengthening phase in heat-treatable alloys, the
dispersoids precipitated in non-heat-treatable aluminum alloys usually have a smaller contribution
to the strength, due to their relatively low number density and large size. Still the dispersoids can
have a considerable influence on the strengthening of the non-heat-treatable alloys. Recently it is
reported that by optimizing the heat treatment, dispersoids of high density and small size can be

achieved in 3xxx aluminum alloys, which can significantly increase the strength of the alloy [1].

Dispersoids also affect work hardening behavior of metals. Early research works have reported the
work hardening behavior of dispersion-hardened copper crystals during tensile tests and the
corresponding dislocation structure [2-5]. It was found that a small volume fraction of dispersoids

in pure copper single crystals resulted in a parabolic work hardening behavior at small strains,



which was different from the linear work hardening in single crystals without dispersoids [2]. At
larger tensile strains, the crystal showed a work hardening similar to the matrix material when the
volume fraction of dispersoids was small [2]. Similar effect of dispersoids on work hardening
during tension tests is also found in aluminum alloys [6-7]. A cross-over effect in stress-strain
curves of an AA3207 alloy with and without dispersoids was observed [8]. It shows that in stage III
the work hardening rate of the alloy with dispersoids decreased more rapidly than the alloy without
dispersoids [8]. A similar effect was also observed in an AA6111 alloy with varied Fe and Mn levels
[7], but the particles were not characterized. Only a few studies have considered the work hardening
behavior of aluminum alloys containing dispersoids at large strains [9-10]. Research on a cold
rolled aluminum containing 4% nano-size alumina particles showed that the strength of the alloy

reached a maximum at a strain of ~1, and decreased slightly with further increased strain [9-10].

TEM investigations [3, 5, 11] show that dislocation loops form around dispersoids as Orowan loops
or prismatic loops during deformation, resulting in a high dislocation density. These dislocation
loops are often referred as geometrically necessary dislocations (GNDs), and can be converted to
helices or dipoles [5]. A high density of dispersoids enhances the tendency for dislocations to
arrange into a cell structure [9-10], leading to a reduced cell size compared to single-phase materials

13,9, 12].

The effect of dispersoids on the yield strength is generally explained by the well-known Orowan
bypass mechanism, as reviewed by several authors [13-15]. However, the influence of dispersoids
on work hardening can not be explained by any single mechanism. In the literature it has been
explained by either long-range internal stress or short-range dislocation interactions. Fisher et al.
[16] first proposed that the work hardening of dispersion-hardened metals was attributed to the
long-range internal stress due to the dislocation loops around dispersoids. Later Brown and Stobbs
[17-18] established a theory of work hardening based on internal stress using elastic continuum
mechanics. Ashby [2, 19] proposed a model of work hardening based on the short-range interactions
between gliding dislocations and GNDs. Hirsh and Humphreys [4] proposed a similar model as
Ashby’s to explain the work hardening of dispersion-hardened single crystals of copper alloys.
Recent research on aluminum alloys containing precipitates or dispersoids agrees that both internal

stress and dislocation interactions contribute to the work hardening [20-21].

In previous experimental studies [8-10] the alloy with dispersoids has been compared to alloys
without dispersoids but also probably with different levels of solutes. This difference in the solute

content made it difficult to directly conclude the influence of dispersoids on work hardening



behavior. Furthermore, very few experimental results have been reported on dispersion hardened
materials deformed more than what can be achieved by tensile tests. In order to reveal solely the
dispersoid influence on work hardening behavior, the solute content needs to be well controlled. In
the present work, a set of carefully designed heat treatments are carried out to generate the same
solid solution levels and different number densities of dispersoids in a model Al-Mn alloy. The
influence of dispersoids on strengthening and work hardening behavior at moderate and large

strains is investigated.

2. Experimental

The material used in this study was an Al-Mn-Fe-Si direct chill cast billet with a diameter of 228
mm produced by Hydro Aluminum, following the standard casting practice with respect to grain
refiner addition and casting speed. The chemical composition of the alloy (wt %) was: Mn 0.97, Fe
0.50, Si 0.15 and others 0.05. Samples for cold rolling and tensile tests were cut from the half radius
location of the ingot. The average grain size and secondary dendrite arm spacing of the as-cast alloy
were measured as 103.6 and 28.2 um, respectively, by using a lineal intercept procedure with
optical microscope. Homogenization heat treatment was conducted in an air circulation furnace.
Four different homogenization procedures were designed to obtain two different solute levels and
for each of the solute levels to obtain two different size distributions of dispersoids. The detailed
homogenization procedures are listed in Table 1. The labels “A” and “B” represent the solid
solution levels of Mn in the alloy, while the labels “H” and “L” represent high and low number
densities of dispersoids, respectively in the as-homogenized materials. Electrical conductivity of as-
homogenized materials was measured by using a Foerster Sigmatest 2.069 to evaluate the solid
solution level of Mn. The solid solution levels of different alloying elements of BH and BL were
also measured by thermoelectric power (TEP) at Hydro Aluminum Deutschland GmbH R&D
center, Bonn.

Table 1 Homogenization treatments

Homogenization before water quenching

AH 50K/h from room temperature (RT) to 823K

AL 50K/h from RT to 873K, held 8h

BH 50K/h from RT to 723K, held 4h

BL 50K/h from RT to 873K, held 4h + 25°C/h to 773K held 4h

After homogenization, samples BH and BL were rolled at room temperature in a laboratory mill
down to about 1.5mm in thickness to achieve von Mises strains of 0.74, 1.8, and 3.3 (nominal
reduction 50%, 80%, and 95% respectively). The samples AH and AL were rolled with reductions
of 30%, 50% and 80%.



The microstructure of the alloy after homogenization and tension testing to the strain of 0.16 was
observed by a JEOL 2010 transmission electron microscope (TEM) at 200KV. The TEM foils were
cut from the cross section plane of the deformed specimens. TEM foils were prepared by twin-jet
electropolishing in an electrolyte containing two parts methanol and one part nitric acid at 253K and
20V. The as-homogenized microstructure and deformation structure after rolling were observed by
backscattered electron channeling contrast (BSE-ECC) imaging at 15KV in a Zeiss Ultra 55 field

emission gun scanning electron microscope (SEM).

Tensile testing of the homogenized materials was performed using cylindrical specimens with a
diameter of 6mm. The rolled specimens for tensile tests were 6 mm wide and 1.5 mm thick. The
extensometer gauge length was 25 mm. An MTS 810 hydraulic testing machine was applied for
tensile tests under a constant ramp rate at room temperature, giving a strain rate of ~103 s, The
specimens for the Bauschinger tests were of 7 mm in diameter and their parallel length was 20 mm.
The extensometer gauge length was 10 mm. The tests were carried out first in tension and then in
compression, or in the opposite order. The strain rate was ~10™s™'. Most of the investigations were
carried out on BH and BL. Samples AH and AL were used to verify some experimental results of

BH and BL.

3. Results

3.1 As-homogenized microstructure

The measured values of the electrical conductivity of the as-homogenized materials are shown in
Table 2. AH and AL have nearly the same electrical conductivity. That is also the case for BH and
BL. It implies that AH has similar solute concentration to AL while BH and BL have about the same
solute level. A further quantitative evaluation on the Mn contents in solid solution can be done
based on the relationship between the electrical conductivity (EC) and the concentration of alloying
elements in solid solution, which is adapted from Ref. [22]:

1/EC =0.0267+0.032 Fe%+0.033 Mn%+0.0068 Si%+0.0021 Particle%, (1)

where Fe%, Mn%, Si1% are the weight percentages of the amounts of these elements in solid
solution, and Particle% is the total volume fraction of particles. Since the concentration of Si in
solid solution was very small (the Si% values measured by TEP were in the range of 0.01~0.02wt%
in BH and BL), it influences the electrical conductivity much less than Fe and Mn. Thus, the Si%
was set to be constant, 0.01wt% in the calculation. The concentration of Fe in solid solution is very
small due to its low solubility and is therefore negligible. Then the Mn content in solution could be

calculated from the electrical conductivity. The results are listed in Table 2. As can be seen, two



levels of solutes in solid solution, a high level of Mn in AH and AL compared to a low level in BH

and BL has been achieved.

Table 2 The electrical conductivity (EC), concentrations of solutes, the diameters and fractions of
particles.

EC Mn Constituent particles Dispersoids
MS/m Wi% Diameter, Area Diameter, Volume Spacing,
um fraction um fraction um
AH 21.3 0.39 1.4 3.1% 0.09 0.32% 1.08
AL 21.3 0.38 1.6 3.5% 0.12 0.16% 1.53
BH 24.0 0.25 1.0 2.4% 0.11 0.81% 0.85
BL 23.8 0.26 1.5 2.8% 0.16 0.41% 1.37

The morphology and distribution of the constituent particles in BH and BL are shown in Figure 1.
The constituent particles in BL were coarser than those in BH, which is due to the coarsening of
particles during long time homogenization at a higher temperature. A detailed study on the
evolution of constituent particles in a similar alloy during homogenization can be found in Ref.
[23]. The diameter and area fraction of constituent particles and dispersoids have been measured by
a quantitative image analysis of SEM images and the results are shown in Table 2. It should be
noted that the observed surface was not ideal two-dimensional section since the coarse particles are
protruded out of the surface section. Thus, the measured area fraction of coarse constituent particles
is larger than the volume fraction. a-Al(Mn,Fe)Si dispersoids can also be observed in the SEM
images (Fig.1). Obviously, the number density of dispersoids in BH is much higher while their size
is much smaller than in sample BL. Precipitate free zones (PFZs) around dendrite and grain
boundaries were observed in AL and BL. The area fraction of PFZs in BL was ~40%, determined by
the manual point count procedure of SEM images (according to ASTM E562-08). The number
density of dispersoids was measured by SEM, and the volume fractions of dispersoids were
calculated according to [22], as shown in Table 2. The volume fractions in BL and AL include the

PFZs. The dispersoid spacing excluding PFZs, Ld, from center to center, was calculated as [6]:

V4
L,=d /a )

The dispersoid size distribution fits a lognormal distribution, as shown in Fig. 1d.
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Fig.1 Back-scattered electron images of BH and BL and their size distribution of dispersoids. (a)
shows the distributions of the constituent particles in BH; (b) shows the distribution of dispersoids
in BH at a higher magnification; (c) shows the non-uniform distributions of constituent particles and
dispersoids in BL; d) the size distribution of dispersoids in BH and BL with lognormal fitting
curves.

3.2 Microstructure after tensile deformation

Figure 2 shows the dislocation structures of samples BH and BL at a tensile strain of 16%. The
influence of dispersoids on the dislocation structure evolution can be clearly seen by comparing
sample BH (Fig. 2a) and BL (Fig. 2b). In sample BH, a large amount of relatively loose dislocation
tangles have formed around the dispersoids, forming dislocation networks. Most of the dislocation
networks are connected to cell walls. In comparison to the sample BH, the dislocation density is

lower while the cell size is larger in BL.
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Fig. 2 TEM bright field images of the cross sections of BH (a) and BL (b) at 16% tension strain.

————

Cell walls formed by connecting dislocation networks around dispersoids (indicated by the arrows).

The average cell size was measured from TEM images. Two orthogonal diameters, di and d2, were
measured for each cell. The cell size is calculated as the square root of dixd2. An average cell size is
obtained by 50-70 measurements of cells. The cell sizes of sample BH and BL at 16% tensile strain
are listed in Table 3. The cell sizes of sample AH and AL were 0.92 um and 1.03 pm respectively,
which are close to their interspacing of dispersoids (Table 2). The cell size of the sample containing
a high-density of dispersoids was smaller than those containing a low-density of dispersoids, and
the difference in cell size was statistically significant according to the Student's one-tailed t-test

(significance level =0.01 for BH and BL).

3.3 Microstructure after cold rolling

The subgrain structure formed during cold rolling is shown in Figure 3. The subgrains are elongated
along the rolling direction. The average subgrain sizes parallel and perpendicular to the elongation
direction of subgrains were measured by lineal intercept procedures in SEM images. The number of
subgrains intercepted by one straight line is about 10~40, and two or three measurements were done
in each area to give an average value of both dx and dy. The square root of dxxdy is taken as the 2D
subgrain size. Thus, the subgrain size measured by SEM may be not quantitatively comparable to
the cell size measured by TEM. The standard deviation was based on three or four areas measured
for each sample, and indicates the uniformity of subgrain structure between different grains, not the

individual measurement deviation.
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Fig.3 SEM backscattered electron images of subgrain structure and dispersoids of sample BH (a)
and BL (b) at a strain of 3.3. The images were taken in the ND-RD section.

As can be seen in Table 3, the subgrain size deviation of BL at a strain of 0.74 was relatively large,
indicating a non-uniform subgrain structure. BL contains ~40% PFZs, in which the evolution of
subgrain structure at small strains may be different from those containing dispersoids. At larger
strains, the subgrain structure appears uniform, as shown in Fig.3, consistent with the small
standard deviations in Table 3. Deformation zones around constituent particles contained smaller
subgrains, which were also observed, but they were not counted and considered in this work. The
subgrain structures of both BH and BL were similar at large strains. The subgrain size decreases
with increasing rolling strain, and the mean subgrain sizes of BH and BL are similar when the
deformation strain exceeds 0.74, indicating that dispersoids do not have a significant influence on

the subgrain size at large strains.

Table.3 The cell/subgrain sizes (m) during tension or rolling.

von Mises strain ~ 0.16 0.74 1.8 33
BH 0.85+0.28 1.10+0.01 0.49+0.04 0.42+0.01
BL 1.01+£0.29 0.96+0.39 0.50+0.05 0.46+0.04

*The cell/subgrain size and standard deviation are defined in the text. The differences in the
methods and definitions have also been noted in the text.

At large strains the dispersoids were observed mainly at subgrain boundaries. The number fraction
of dispersoids located at the subgrain boundaries was estimated from the BSE-ECC images (e.g.
Fig.3). The number fractions of dispersoids at subgrain boundaries at strains of 1.8 and 3.3 were
~80% in BH, and ~90% in BL. Most of dispersoids are located at subgrain boundaries in both
materials at large strains. The number fraction is roughly estimated, because some of the subgrain
boundaries with small misorientations can not be identified in BSE-ECC images due to the limited
resolution of BSE-ECC imaging and the unfavorable orientations of some subgrains. Dispersoids

reflect more back-scattered electrons and have higher contrast than aluminum matrix, so the
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observed dispersoids can be deep beneath the surface while only the trace of subgrain boundaries at
the surface can be observed. It is also possible that a dispersoid not at subgrain boundaries was
observed at subgrain boundaries because of projection. Thus, the value of the number fraction is

just roughly estimated.

3.4 Strength and work hardening

The stress-strain curves from tensile tests of as-homogenized materials are shown in Fig.4. At the
initial deformation stage (strain <0.02), a smaller dispersoid spacing led to a higher flow stress as
well as a higher work hardening rate. The yield strength of BH is much larger than that of BL. The
0.02% offset yield strength of BH and BL was 37 MPa and 24 MPa, respectively. The 0.2% offset
yield strength of BH and BL was 56 MPa and 37 MPa, respectively. The work hardening of BH in
the range of 0.02% to 0.2% plastic strain is ~19 MPa, much larger than that of BL (~13MPa). This

also indicates a higher work hardening rate due to a high density of dispersoids.

The ultimate tensile strength (UTS) of as-rolled materials was plotted as a function of the von Mises
strain in Fig.4. The trend lines connecting stress-strain curves of as-homogenized materials and the
UTS of rolled materials indicate the work hardening behavior at large strains. The flow stresses of
BH and BL approach each other with increasing strain, and finally converge at large strains,
although the initial yield stresses are quite different. The Taylor factors were calculated from
textures measured by X-ray diffraction. The Taylor factors of BH and BL were similar at the same
strain. The Taylor factors of both samples under uniaxial tension along RD did not change at strains
less than 0.74 and they increased slowly from 3.1 to 3.2 at larger strains for both BH and BL. The
convergence of the stress-strain curves of BH and BL at large strains (Fig.4) indicates that the
influence of dispersoids on flow stress diminished at large strains. The Vickers hardness (HV) of
AH and AL is also plotted in Fig. 4, illustrating that the hardness curves of AH and AL have

converged at strain of 0.4. The standard deviation of HV measurements is less than 3% of HV.
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Fig.4 (a)Stress-strain curves of as-homogenized BH and BL (solid lines) and the ultimate tensile
strength of materials rolled to various logarithmic strains (¥ : BH, A: BL) (dashed lines are trend
lines);(b) Vickers hardness (HV) of AH and AL in as-homogenized and rolled conditions.



3.5 Bauschinger effect

Pile-up of Orowan loops around non-shearable particles leads to an elastic internal stress, which is
often referred as kinematic hardening. Internal stress due to particles may play an important role in
plastic deformation of dispersion hardened materials, which can be observed during reversed strain
paths, e.g. Bauschinger tests. The Bauschinger effect is illustrated in Fig.5, and compared to
monotonic loading. The specimen was first deformed in tension to a prescribed forward plastic
strain, and then the deformation was reversed in compression. The specimen started to buckle at 1-
2% compression strain. The opposite case with prestrain of ~1% in compression and then tension
tested in Fig.5 shows that the reverse stress approaches the monotonic curve, converging at a strain

of ~0.1. The convergence suggests that the reduced strength after the reversal is not permanent.

140 120

Stress, MPa

0 0.62 0.64 0.06 0.68 0.1 0 0.02 0.04 0.06 0.08 0.1
Cumulative strain Cumulative strain

Fig.5 Forward-reverse stress -cumulative strain curves following different forward plastic strains.

Solid lines: tension-compression; dashed lines: compression-tension tests.

As previously suggested in [20, 24-25], the Bauschinger stress is defined to equal half of the
difference between the monotonic and the reversed stress-strain curves. The Bauschinger stress
obtained from Fig.5 is shown in Fig.6. The Bauschinger stress curve in Fig.6 is comprised of two
parts: firstly a rapid reduction at small reverse strains (<0.004); secondly a regime where the
Bauschinger stress decreases slowly in a nearly linear manner with increasing strain. The first part
involves inhomogeneous local stresses and complex dislocation rearrangements [25-26], which is
not further considered in present work. The subsequent regime indicates an almost steady-state
Bauschinger stress. The Bauschinger stress at the reverse strain of 1% is used as the “steady-state”

internal stress ob. The results are shown in Fig.7. The internal stress increases with increasing

plastic strain, and it starts to saturate at a strain of ~5%.
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Fig.7 Evolution of internal stress as a function of the forward plastic strain.

4. Discussion

4.1 Influence of dispersoids on the evolution of the cell structure

A cell structure forms during deformation as the result of trapping and annihilation of dislocations.
Dislocation loops (GNDs) form around dispersoids during deformation, in the form of Orowan
loops around dispersoids, rows of prismatic loops in the vicinity of dispersoids, and dislocation
helices or dipoles as well [5, 11]. The extra GNDs formed due to dispersoids result in a high local
density of dislocations, providing more trapping sites for gliding dislocations. Then dislocation
networks or tangles tend to form at these preferable sites. The prismatic loops emitted from adjacent
dispersoids interact by trapping and annihilating each other, where the particles act as sources of
GNDs that contribute to the building of new cell walls. New cell walls can form by connecting the
fragments of dislocation tangles, as indicated by TEM observations in Fig. 2. The dispersoids and
GNDs promote cell wall formation, leading to reduced cell sizes at small strains, which is observed
in this work (Table 3) and also reported before [9, 12]. It is concluded that the magnitude of the
reduction of cell size is related to the dispersoid spacing (or density), i.e. the smaller dispersoid
spacing, the smaller cell size. However, when the dispersoid spacing is very small, the density of
GNDs and the additional dislocations may be so high that the dislocation distribution appears

uniform in the matrix. Then the formation of cell walls by heterogeneously trapping gliding
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dislocations would be suppressed. Thus, the mechanism of reducing the cell size by dispersoids
would not be effective when the dispersoid spacing is very small. It has been observed that cell

formation is retarded in an Al-Sc alloy with a dispersoid spacing of 100 nm [27].

The effect of dispersoids on cell formation also changes with the deformation strain. As the strain
increases, the cell size becomes smaller. When the cell size is reduced to a smaller size than
dispersoids spacing, the effect of dispersoids on cell formation diminishes. As can be seen in Table
3, the subgrain sizes of BH and BL are both found to be similar, ~0.5 um at strains larger than 1.8,
which is smaller than the dispersoid spacing (0.9-1.4 pm in Table 2). Hansen and Bay [28] also
found that neither the content nor the distribution of fine dispersed particles (0.6-1.2 wt% Al203)
affected the subgrain size significantly after 50-90% drawing. The evolution of subgrains at large
strains seems to be independent of the dispersoid spacing as the subgrain size becomes smaller than

dispersoid spacing.

4.2 Yield strength

The coarse constituent particles distributed on dendrite and grain boundaries in the as-cast materials
are of a low number density and large in size, so their contribution to dispersion hardening by
Orowan bypass mechanism is negligible. The Orowan stress is mainly due to the fine dispersoids.
Thus, the yield strength is given by:

0,=0,+04+0,,+0,. 3)

oo 1s the friction stress of pure aluminum. oss is solid solution hardening, for which an empirical
relation for Al-Mn can be found in [29]. oup is the Hall-Petch relation of the grain size effect given
by [30]. Both ass and anp do not affect the comparison between BH and BL, since their solute
contents and grain sizes are similar. goro is the Orowan stress due to fine dispersoids, which is given

by

oy, =0.81 (4)

27A 4p

MAGb (ﬂ'd ]
In| — |.
The equation is given by [13]. M is the Taylor factor (M~=3 here); G is the shear modulus of

aluminum (G=27MPa); b is Burgers vector (b=0.286nm). A is a constant, which is treated as a
fitting parameter here. A =0.4d (1 7] f, — 2) is the dispersoid spacing (surface to surface) on a
slip plane, [6]. fv and d are the volume fraction and diameter of dispersoids, respectively. The
difference in yield stress between BH and BL is contributed by the Orowan stress, and then the

value of 4 is estimated by fitting the calculations to the experimental results. 4 becomes 1.2 by

fitting to 0.02% yield strength, and is 1.8 by fitting to 0.2% yield strength. The value of 4 can also
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be estimated by A=1/+1—-v given in [13] (where v=0.34 is Poisson’s ratio), and then equals 1.2.
The dispersion-hardened material has a significantly higher initial work hardening rate than the
matrix material. Thus, the fitted value of A increases with increased offset strain. To reduce the

influence of initial work hardening, the offset of yield strength should be as small as possible.

4.3 Bauschinger effect

Generally, the internal stress due to particles can be expressed based on Eshelby’s solution [20] as
o,=fEs (5)

Ep is the Young’s modulus of particles, and £, is the volume fraction of particles. &* is the unrelaxed
plastic strain and &” oc n/ 7 [19], where 7 is the number of Orowan loops hugging the particles and r
is their radius. This implies that the smaller size of dispersoids in BH will lead to a larger internal
stress. There is a large fraction of constituent particles in the alloy, which is much larger than the
fraction of dispersoids (Table 2). These coarse constituent particles might produce a tangle of

secondary dislocations instead of Orowan loops, inducing a weaker internal stresses than Orowan

loops [18, 31].

There are two types of particles in the alloy regardless being constituent particles or dispersoids:
Ale(Mn,Fe) and a-Al(Mn,Fe)Si. It is reported that the chemical composition of particles changes
during homogenization and that the fraction of a-Al(Mn,Fe)Si particles increases [23]. This
probably results in different Young’s modulus for the particles in BH and BL. The shape of coarse
constituent particles is not regularly spherical or plate-like, and their shapes also change during
homogenization. Therefore a quantitative comparison of internal stress according to Eq. (5) is
difficult. A qualitative assessment of the contribution of the internal stress is attempted in the
present work. The ratio of the internal stress to the monotonic flow stress at the same total strain is
in the range of 5% to 10% in BH and BL at forward plastic strain of 1-5%. The contribution of the
internal stress to the total work hardening is estimated as o, / (o, — 0o, ), following the method used
in [20]. Here or is the forward flow stress at the point of reversal, and gy is the 0.02% yield stress.
The ratio is shown as a function of forward plastic strains in Fig.8. It increases rapidly at a small
strain < 1%, and from there it contributes ~16% and 10% in BH and BL respectively. The internal

stress due to particles plays a minor role in work hardening after the initial stage, and this

contribution is small compared to more than 40% in the overaged alloys in [20].
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Fig. 8 The ratio of the internal stress to the total work hardening as a function of the forward plastic

strain.

4.4 Strengthening at small strains

The flow stress at small strains is assumed to be:

0 =0)+04+0y +0q,+0,+0,=0,+0,+0,. (6)
It is noted that a non-linear superposition of the hardening components has been discussed before
[32-34]. The linear assumption is used for the sake of simplicity in the present work. Isotropic stress

ai corresponds to the contribution of dislocation interactions: o, = M aGb\/; , where o is a

constant. The total dislocation density, p, includes statistically stored dislocations (i.e. forest

dislocations), ps, and GNDs, pc: p = ps + p; - Many models have been proposed for the evolution of

forest dislocations and they will not be discussed in this work. The evolution of GNDs is often
modeled following Ashby’s approach [19]. The magnitude of the isotropic hardening can be

estimated fromo, —o, — o, as shown in Fig. 9. The difference between BH and BL in Fig. 9 is

caused by the GND density due to the different densities of dispersoids. The maximum difference
between oi for BH and BL is ~7MPa, similar to the difference between their saturated internal
stresses in Fig.7. It indicates that the magnitude of the contribution of GNDs to the flow stress is
similar as from the internal stress. In Fig. 9 the isotropic stress of BL approaches that of BH at
strains larger than 0.08. This is probably caused by a stronger dynamic recovery in BH. A high
density of dispersoids induces additional dislocations, and also accelerates dynamic recovery, as

suggested in [34].
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Fig.9 The calculated isotropic stress (o, = 0, —0, —0,,) as a function of plastic strain.

The internal stress in principle is a long-range elastic stress from dislocation pile-ups at boundaries
or particles. The contribution from the boundaries has been included in the Hall-Petch relation. The
internal stress due to particles is found to saturate at a certain tensile strain (usually <8%), which is
shown in Fig.7 and Ref. [20-21]. Thus, the internal stress does not contribute to the work hardening
rate after its saturation and its contribution to the total work hardening becomes minor at moderate
and large strains. Moreover, the formation of deformation zones around coarse particles relieves the
internal stress from the coarse particles as well. Thus, internal stress could be neglected at moderate

and large strains. Work hardening at large strains is mainly attributed to the dislocation interactions.

4.4 Strengthening at large strains

At large strains, e.g. during rolling, the dislocation density inside subgrains has saturated, and the
flow stress scales inversely with the subgrain size [35]. As discussed in section 4.1, the subgrain
size is found not to be affected by dispersoids at large strains (Table 3). Thus, all the stress
components except the Orowan stress are not affected by dispersoids at large strains. The equal flow
stresses of BH and BL at large strains suggest that the Orowan stress is absent at large strains. The
Orowan stress is based on the bow out of gliding dislocation between dispersoids. Most of the
dispersoids are tangled in subgrain boundaries or triple junctions at large strains, as shown in
section 3.3, so the major barriers to gliding dislocations are grain/subgrain boundaries containing
dispersoids and these barriers should only be counted once. Thus, the Orowan stress can be
neglected comparing to the boundary strengthening. Then the flow stress of alloys containing
dispersoids will approach to the single-phase alloys. The strain at which the stress-strain curves
converge depends on dispersoid density (or spacing). The high dispersoid density (small spacing) is
expected to lead to a convergence upon large strains. This is verified by the convergence of AH and
AL at smaller strain due to their lower density of dispersoids, as shown in Fig. 4. The flow stress

after the convergence is affected by the solute content, not the dispersoids. The dispersion hardening
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is not effective at large strains.

5. Summary

A high density of fine dispersoids has been shown to strengthen the materials significantly, but their
strengthening effect diminishes as the strain increases. The internal stress due to particles makes a
contribution to the total work hardening (i.e. 10-20%) and starts to saturate at a tensile strain of 3-
5%, although it increases rapidly at the initial stage of the deformation. The dislocation interactions,
1.e. forest hardening, play a major role in the subsequent work hardening. Geometrically necessary
dislocations which are formed around dispersoids, enhance the formation of cell structure and lead
to a reduced cell size. The dispersoids tend to be trapped in cell walls or subgrain boundaries. When
the cell/subgrain size becomes smaller than the dispersoid spacing, the dispersoids do not affect the
subgrain size and do not contribute to the strength any more. The flow stress is dominated by the

substructure at moderate and large strains.
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