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H I G H L I G H T S

• An advanced TEM for detailed char-
acterisation of precipitates in pre-
deformed materials is presented.

• The effect of natural ageing and
pre-deformation on precipitation in
terms of type and distribution is
investigated.

• The crystal structure of a previously
reported phase in pre-deformed Al-
Mg-Si(-Cu) alloys is presented.
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A B S T R A C T

This work has investigated the effect of the combination of natural ageing and 80% pre-deformation after
solution heat treatment on precipitation during subsequent artificial ageing in an Al-1.3Cu-1.0Mg-0.4Si wt.%
alloy. It was found that a combined use of atomic resolution aberration corrected high-angle annular dark-
field scanning transmission electron microscopy and scanning precession electron diffraction enabled a
detailed characterisation of precipitates in heavy pre-deformed materials. The dominant phase in the unde-
formed condition was the L phase. L was also found to be nucleated in the undistorted regions of the Al
matrix in the pre-deformed conditions. Two phases with high aspect ratios were nucleated on dislocations:
The C phase and a previously reported phase, which we named here the ‘E phase’. The crystal structure
of E was solved experimentally as monoclinic with core composition Mg6Al2Si2Cu4, supported by density
functional theory calculations. It was determined that the order of pre-deformation and natural ageing
had an influence on the relative fractions of the aforementioned phases formed during artificial ageing. An
increased fraction of C+E relative to L was found in the condition where the pre-deformation was applied
after natural ageing as compared to the condition where the pre-deformation was applied before natural
ageing.

© 2019 The Authors. Published by Elsevier Ltd. This is an open access article under the CC BY license
(http://creativecommons.org/licenses/by/4.0/).
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1. Introduction

Al-Mg-Si(-Cu) alloys are a class of materials with an increased use
in the construction and automotive industries due to a combination
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of desired properties such as light weight, high strength and good
corrosion resistance. Their manufacturing consists of a succession of
thermo-mechanical steps including casting, homogenisation, extru-
sion or rolling, solution heat treatment (SHT) and artificial aging
(AA). The role of homogenisation is to reduce chemical segregation
of the cast, and to produce dispersoidal AlSi(Mn,Fe) particles that
will control grain size during the subsequent high temperature pro-
cessing [1,2]. A solid solution is formed during SHT at temperatures
above the solvus line of the system (>500 ◦C), consisting of a uni-
form dispersion of Mg, Si and Cu solute atoms substituting the Al
positions in the FCC lattice, together with a high density of vacan-
cies. This becomes super-saturated by rapid cooling, and constitutes
the starting point of the AA, usually conducted at temperatures
between 150◦C and 200◦C. During this process the solute atoms dif-
fuse with the help of vacancies and form high numbers of nano-sized,
metastable precipitates, which significantly affect the final proper-
ties of the material [3,4]. It is interesting to notice that with only 1 to
2 at.% added Mg, Si and Cu solute, the material can triple its strength
during AA. The strength arises from the interaction between the dis-
locations and precipitates, since the precipitates effectively hinder
the movement of dislocations in the matrix. The metastable pre-
cipitates have crystalline structures and form with different types,
compositions, volume densities and size distributions, depending on
the thermo-mechanical treatment of a given alloy. Therefore, the
processing of the alloy is very important for the final properties.

In the Al-Mg-Si(-Cu) system, all the metastable phases have one
main coherency direction with the Al matrix, along 〈100〉Al. In these
directions the precipitates retain the FCC Al atomic arrangement,
having atoms on two planes (z = 0 and z = 0.203 nm) with 0.405 nm
repeat distance. Therefore, they grow with needle/rod/lath/plate
morphologies along such directions and are viewed as projected
atomic columns in cross-section in 〈100〉Al orientations. The precip-
itate development during AA from the super saturated solid solution
(SSSS) and until the equilibrium phase forms is given as a precipita-
tion sequence, which for the Al-Mg-Si-Cu system is [4]:

SSSS → solute clusters → GP zones →
b′′, L → b′

(Cu), L, S, C, Q′ → Q (Stable).

Solute clusters and Guinier-Preston (GP) zones are solute aggre-
gates ordered on the FCC Al matrix positions. b′′ is the main phase
that forms in peak hardness conditions in the Al-Mg-Si alloys [3,5].
The phase has also been observed in Cu-added alloys, but here other
Cu-containing precipitates such as L, S, C and Q′ become dominant
with prolonged heating [4]. Cu is added to many Al-Mg-Si alloys
because it improves hardness and thermal stability [4,6]. Analysis
of the metastable precipitate crystal structures led to the realisa-
tion that they must be based on a similar sub-lattice with projected
near-hexagonal symmetry of around 0.4 nm when viewed in cross-
section [7]. It was later demonstrated that the sub-lattice is defined
by Si atomic columns, and all the other atomic columns (Mg, Al, Cu)
are located in-between [4,8]. This was called the ‘Si-network’. It can
take two different orientations in respect to the Al matrix. One ori-
entation is defined by the Si network being aligned with 〈310〉Al,
〈110〉Al, 〈510〉Al and in the other the network is aligned with 〈100〉Al.
The former is the most common and is present in all metastable pre-
cipitates in the Al-Mg-Si system, and in the S, b′

Cu, Q′ phases in the
Al-Mg-Si-Cu system. The latter has only been found in the Cu-added
alloys, in the L and C phases [4,9]. In the Al-Mg-Si-Cu system the Q′
phase is the metastable version of the equilibrium Q phase, being
isostructural with it. It grows as laths with cross-section elongation
along 〈510〉Al [4]. The C phase grows as a plate, with elongations
along two 〈100〉Al directions [4,10]. b′

Cu is isostructural with the b′
Ag

phase, with Cu replacing Ag in the structure, and is different from
the b′ phase in the Cu-free system [9,11]. The Q/Q′, C and b′

Cu phases

are the only periodic structures so far reported in the Al-Mg-Si-Cu
system. One characteristic of the Cu-added alloys is the formation of
disordered structures which can be characterised by different order-
ings on the Si-network. It is common to observe several local ordered
configurations of known phases in the same needle or lath, produc-
ing hybrid structures. In this respect the L phase is disordered and
can contain local Q′ and/ or C phase parts, while S is also disordered
and can contain Q′ and/ or b′

Cu parts [4]. In peak hardness conditions
of such alloys it is also very common to observe hybrid precipitates
containing b′′/Q′/b′

Cu parts [12,13].
Another important milestone in the Al-Mg-Si(-Cu) system is the

discovery of a set of construction rules for most precipitates, which
arise from a line defect in the Al matrix [14]. According to these rules,
every Al atom has 12 near neighbours, every Mg atom has 15 and
every Si has 9. Interestingly, in precipitates Cu has 9 near neighbours
as Si, and can take two different configurations, with columns in-
between the Si network columns, or replacing 1/3 of the Si on the
network. The former configuration is present in the Q′ and C phase,
and the latter in the b′

Cu phase [9].
It has been shown that there are two processing steps that, intro-

duced individually or in combination between SHT and AA, have an
important influence on the subsequent precipitate development dur-
ing AA and consequently on mechanical properties. These are storage
at room temperature (RT) also known as natural ageing (NA), and
pre-deformation. NA is important because the SSSS is unstable at
RT. During this time atomic diffusion is taking place, leading to the
formation of solute orderings and atomic clusters, with the effect
of hardness increase and electrical conductivity decrease. For dense
alloys with (Mg + Si >1 wt.%), the NA clusters have been found to
have a negative effect on the precipitation of the hardening phases
during the subsequent AA, causing a delay in precipitation and some-
times a reduction in the final hardness compared to when NA is
avoided [15,16]. It has been found that the negative effect of natural
ageing decreases with increasing Cu concentrations [17,18]. During
AA treatment of a pre-deformed material, the dislocations act as het-
erogeneous nucleation sites for the precipitates. The deformation
has a strong effect on the precipitation behaviour: The precipitate
type, their microstructure and the local distribution are altered. It
has been shown that in the distorted regions of the Al matrix, i.e.
areas consisting of crystallographic defects associated with deforma-
tion like dislocations and subgrains, ‘ string-like’ precipitates, along
with smaller, elongated precipitate types and precipitates associated
with over-ageing nucleate [19-22]. The faster coarsening of the pre-
cipitates nucleated on dislocations may be due to dislocations acting
as short-circuit diffusion path for solutes during AA. Moreover, the
introduction of dislocations prior to NA has been found to impede
NA clustering [23,24]. The dislocations are believed to act as sinks
for the quenched-in vacancies, thus suppressing the formation of NA
clusters.

In addition to the conventional applications, novel usages are
emerging for the Al-Mg-Si-Cu alloys. In the present work, a new Al-
1.3Cu-1.0Mg-0.4Si wt.% intended for the zip fastener industry has
been developed. The alloy’s composition is listed in Table 1. The
manufacturing process of these alloys consists of casting, homogeni-
sation, extrusion, solution heat treatment (SHT), drawing, SHT and
cold rolling corresponding to 80% deformation before the final arti-
ficial ageing (AA), see Fig. 1. A period of NA can be introduced
before or after the cold rolling, which may affect the subsequent
AA response. Given these facts, the main objectives of this work is
to characterise the precipitates that form during AA in the heavily
deformed materials, and to understand the effect of NA in connection
to pre-deformation. Vickers hardness is measured at each process-
ing step after the SHT, and hardness development is connected to
precipitate microstructure. The microstructure of the alloy is inves-
tigated by the use of transmission electron microscopy (TEM). TEM
is a powerful technique in visualising the precipitate distribution
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Table 1
The measured composition of the alloy investigated in the present work.

Cu Mg Si Fe Ti B Zn Mn Cr Zr

wt.% 1.27 1.01 0.38 0.069 0.019 0.004 0.003 0.001 <0.001 <0.001

through conventional techniques, such as bright-field (BF) or dark-
field (DF) imaging using diffraction contrast, and the precipitate
structure through more advanced techniques providing atomic reso-
lution such as high-angle annular dark-field scanning TEM (HAADF-
STEM). Studying precipitation in heavily pre-deformed materials by
conventional techniques however, is challenging due to the contrast
from dislocations masking out the precipitates.

Recently, scanning precession electron diffraction (SPED) has
emerged as a promising technique in quantifying the precipitates
in undeformed Al alloys [25,26]. By means of this technique, one
may form virtual dark-field images using the 4D data set that com-
prised a 2D PED pattern in each pixel of a 2D scan area. The
benefit of this technique is the acquisition of large data-sets that
enable detailed statistical characterisation of microstructure, pro-
viding location, type and size for a large number of precipitates.
In this study we will evaluate the applicability of SPED on heavily
deformed Al alloys, as well as quantitatively explain the difference
in deforming prior to- or after NA based on material hardness and
precipitation.

2. Experimental procedure

2.1. Material and heat treatment

The alloy was cast, homogenised (505◦C, 3 h), extruded and solu-
tion heat treated (505◦C, 3 h) before drawing. Cylindrical bars (Ø
3.8 mm) were subjected to SHT at 505◦C for 3 h and subsequently
water quenched to room temperature. Three different conditions
abbreviated ‘NA20ha’, ‘NA20hb’ and ‘NA20hn’ were investigated
in the present work, see Fig. 1. For condition NA20ha, SHT was

succeeded by NA for 20 h, followed by 80 % cold rolling and AA at
170◦C for 3 h. NA20hb was cold rolled to 80 % immediately after SHT,
followed by 20 h NA and subsequent AA at 170 ◦C for 3 h. NA20hn
was exposed to 20 h NA followed by AA for 3 h at 170 ◦C without any
deformation.

2.2. Vickers hardness tests

Prior to Vickers hardness tests, all samples were polished with a
Saphir 330 equipped with grinding plates with grit sizes from 120 up
to 4000 P. A Zwick/Roell ZHV30 indent machine equipped with JS-
Tango controller unit was used for hardness measurements. For the
undeformed and deformed samples, a total of 9 and 10 indentations
were used per condition, respectively.

2.3. TEM sample preparation

TEM samples were prepared by first mechanically polishing the
material down to 100 lm thickness using a Struers Rotopol-21. 3 mm
diameter discs were then punched out normal to the drawing direc-
tion for the undeformed condition and normal to the rolling direction
for the pre-deformed conditions. Subsequently, the samples were
electropolished by using a Struers TenuPol-5 with an applied volt-
age of 20 V for the deformed samples and 14.6 V for the undeformed
sample. The electrolyte was kept at a temperature of −25 ± 5◦C and
consisted of 1/3 nitric acid and 2/3 methanol. In order to reduce
the risk of carbon contamination build-up under the data acquisition
during SPED and HAADF-STEM investigations, the specimens were
cleaned using a Fischione 1020 Plasma Cleaner before insertion into
the TEM.

Cast billet 
Homogenised at 505 °C for 3 h

Extrusion

8 mm

1 2

SHT at 505 °C for 3 h
3

3.8 mm

4
Drawing

Sample 1: NA20ha Sample 2: NA20hb Sample 3: NA20hn

170 °C

505 °C

20 h

3 h

RT

3 h

3 h

3 h

20 h

3 h

3 h

20 h

Fig. 1. The material processing prior to the as-received condition is shown in steps 1–4, along with the subsequent processing of the three different samples NA20ha, NA20hb
and NA20hn. Both NA20ha and NA20hb were deformed by cold rolling to 0.76 mm, corresponding to 80% deformation.
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2.4. TEM studies

A JEOL 2100F operated at high voltage of 200 kV and equipped
with a NanoMEGAS ASTAR system was used to acquire the SPED
scans. The PED patterns were collected by mounting an Allied Vision
Stingray camera in the binocular stand outside the microscope
column. While performing SPED, the instrument was operated in
nanobeam diffraction mode using an unprecessed probe diameter of
about 1.3 nm and semi-convergence angle a ≈ 1 mrad. The employed
precession angle and corresponding precession frequency was kept
at 1.0 ◦ and 100 Hz, respectively. The exposure time was set to 40 ms
per pixel and the scan step size was 1.52 nm. The alignment of the
precessing electron beam was done in accordance with the proce-
dure reported by Barnard et al. [27]. In addition, the JEOL 2100F was
used to acquire BF images.

The acquisition of the high resolution HAADF-STEM images was
done in a double (image and probe) corrected JEOL ARM200F oper-
ated at 200 kV. The following parameters were used to obtain the
images: 0.08 nm probe size, a semi convergence angle of 28 mrad,
the inner and outer collection angles were 35 and 150 mrad, respec-
tively. The inner collection angle is somewhat smaller than what is
considered optimal for HAADF-STEM (50 mrad), but our experience
is that the lower Z-contrast Mg-containing atomic columns are bet-
ter resolved with this setting. When imaging in an 〈100〉 zone axis of
Al, this technique provides atomic resolution of precipitates atomic
columns along their main coherency direction with the Al matrix,
having Z-contrast. Based on such images, the crystal structures of
individual precipitates can be identified and presented as atomic
overlays. The atomic overlay is made according to the construction
rules for precipitates in the Al-Mg-Si(-Cu) system [14] mentioned in
the introduction, which imply that in the overlay every Al atom is
surrounded by four atoms of opposite height, every Mg by five and
every Si and Cu by three.

Atomic resolution HAADF-STEM images in general have low
signal-to-noise ratio. To improve clarity, all of the HAADF-STEM
images shown in this paper are filtered using a circular bandpass
mask applied on the respective fast fourier transform (FFT), and an
inverse FFT (IFFT) was performed on the masked area, suppressing all
features with separation shorter than 0.15 nm in real space. It should
be noted that 0.15 nm is close to the minimum projected atomic col-
umn separation for precipitates in the Al-Mg-Si(-Cu) system viewed
along their needle lengths.

2.5. Density functional theory calculations

The density functional theory (DFT) calculations were performed
with the Vienna ab initio simulation package (VASP) [28,29] using
the projector augmented wave method (PAW) within the PBE
(Perdew-Burke-Ernzerhof) generalised gradient approximation [30].
The plane wave energy cutoff was 400 eV. For all calculations,
gamma-centred k-points were used with a maximal k-point dis-
tances of 0.18 Å−1 in each direction. The electronic accuracy for
self-consistent loops was set at 10−6 eV. The atomic positions were
relaxed to a maximum force of 0.001 ev Å−1 between atoms, using
1st order Methfessel-Paxton for smearing of partial occupation and
a smearing factor of 0.2. For accurate energies, a separate calculation
was performed using the tetrahedron method with Blöchl correction
for the smearing. The formation enthalpies were calculated accord-
ing to Ref. [31] with solid solution reference energies Ex obtained
from a 4×4×4 Al supercell with 255 Al atoms and a single solute
atom X, X=Al, Mg, Si, Cu.

2.6. SPED data analysis

SPED involves rastering a precessing, nanometre-sized elec-
tron probe over an area of interest and recording the transmitted

diffraction pattern at each probe position [27]. The net result is a 4D
data set that comprised a 2D PED pattern at each position of a 2D area
scan. The 4D SPED data sets were processed using the open-source
Python library HyperSpy [32]. The source code used in the present
work is developed by Sunde et al. and a thorough review can be
found in [26]. A short summary is given here:

1. A virtual aperture is placed in the obtained PED pattern stack
and the image intensity within the aperture is integrated. The
value obtained is used to assign a colour-scale tone to the
pattern’s corresponding real-space position, resulting in the
formation of a virtual dark-field (VDF) image after running
through the full stack.

2. A real space navigation mask is created by masking out
precipitate-free areas in the VDF.

3. A reciprocal space signal mask is created by masking out the Al
reflections using a bulk Al PED pattern.

4. An unsupervised machine learning approach based on non-
negative matrix factorisation (NMF) is applied to the SPED scan
data highlighted by the constructed masks.

The NMF decomposition returned component patterns represent-
ing the data in reciprocal space, resembling PED patterns of specific
features such as different precipitate types, in addition to the cor-
responding loadings at each pixel in real space. The loading maps
indicate where the associated component patterns are significant
and resemble simplified dark field images [33]. In theory, the number
of components should equal the number of unique phases present
multiplied by the number of allowed orientations. However, due to
imperfections of the scans, such as bending across the strain area,
imperfect masks, strain, a larger amount of components had to be
included. By trial-and-error, a total number of 40 and 90 compo-
nents for NA20ha and NA20hb, respectively, was found to adequately
represent the features of interest in the SPED data.

Through comparison with the FFTs of previously obtained
HAADF-STEM images, the component patterns were categorised.
Components which did not match any of the FFTs were categorised
as disordered, based on the HAADF-STEM images. Once identified,
the real-space intensities of the components corresponding to the
same precipitate were normalised and summed up. The net result
yields a simplified and reconstructed description of the diffraction
data, showing where each precipitate type is located in the scan area.
Finally, precipitate phase fractions were estimated using a pixel-
based calculation where the sum of pixels associated with one pre-
cipitate type was divided by the total number of pixels representing
all the precipitate types.

Through comparison with the FFTs of previously obtained
HAADF-STEM images, the component patterns were categorised.
Components which did not match any of the FFTs were categorised
as disordered, based on the HAADF-STEM images. Once identified,
the real-space intensities of the components corresponding to the
same precipitate were normalised and summed up. The net result
yields a simplified and reconstructed description of the diffraction
data, showing where each precipitate type is located in the scan area.
Finally, precipitate phase fractions were estimated using a pixel-
based calculation where the sum of pixels associated with one pre-
cipitate type was divided by the total number of pixels representing
all the precipitate types.

A short summary is given here:

1. A virtual aperture is placed in the obtained PED pattern stack
and the image intensity within the aperture is integrated. The
value obtained is used to assign a colour-scale tone to the
pattern’s corresponding real-space position, resulting in the
formation of a virtual dark-field (VDF) image after running
through the full stack.
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2. A real space navigation mask is created by masking out
precipitate-free areas in the VDF.

3. A reciprocal space signal mask is created by masking out the Al
reflections using a bulk Al PED pattern.

4. An unsupervised machine learning approach based on non-
negative matrix factorisation (NMF) is applied to the SPED scan
data highlighted by the constructed masks.

The NMF decomposition returned component patterns represent-
ing the data in reciprocal space, resembling PED patterns of specific
features such as different precipitate types, in addition to the cor-
responding loadings at each pixel in real space. The loading maps
indicate where the associated component patterns are significant
and resemble simplified dark field images [33]. In theory, the number
of components should equal the number of unique phases present
multiplied by the number of allowed orientations. However, due to
imperfections of the scans, such as bending across the strain area,
imperfect masks, strain, a larger amount of components had to be
included. By trial-and-error, a total number of 40 and 90 compo-
nents for NA20ha and NA20hb, respectively, was found to adequately
represent the features of interest in the SPED data.

Through comparison with the FFTs of previously obtained
HAADF-STEM images, the component patterns were categorised.
Components which did not match any of the FFTs were categorised
as disordered, based on the HAADF-STEM images. Once identified,
the real-space intensities of the components corresponding to the
same precipitate were normalised and summed up. The net result
yields a simplified and reconstructed description of the diffraction
data, showing where each precipitate type is located in the scan area.
Finally, precipitate phase fractions were estimated using a pixel-
based calculation where the sum of pixels associated with one pre-
cipitate type was divided by the total number of pixels representing
all the precipitate types.

3. Results and discussion

3.1. The influence of deformation and natural ageing on hardness
evolution

The hardness response during NA for a sample deformed imme-
diately after quenching from the SHT temperature and a undeformed
sample is shown in Fig. 2a. The AA response for NA20ha, NA20hb
and NA20hn at 170◦C is shown in Fig. 2b, while Fig. 2c–e shows the
hardness response during all processing steps after SHT for NA20ha,
NA20hb and NA20hn, respectively, up until the conditions chosen
for the TEM samples. In (a), the dashed, vertical line marks the
point where the NA time is 20 h, while in (b) it indicates the con-
dition of the samples prepared for TEM which corresponds to the
maximum hardness of NA20hb, obtained after around 3 h. NA20ha
reaches its maximum hardness after 6 h, while the undeformed sam-
ple, NA20hn, does not reach peak hardness after the maximum
investigated time, 10 h. This suggests that the introduced disloca-
tions enhance the precipitation kinetics, thereby shortening the AA
time required to obtain the peak age condition.

The hardness response during NA is enhanced for the undeformed
samples as compared to the pre-deformed samples, see Fig.2a, c and
d. After 20 h the increase in hardness is 9 HV and 12 HV for the pre-
deformed and undeformed samples, respectively. This is believed
to be caused by reduced NA response in the pre-deformed samples
due to vacancy annihilation at the dislocations [34,35]. The overall
increase in hardness during NA of the pre-deformed sample through-
out the measurement times is 10 HV, i.e. the hardness increase from
20 h NA time to five days NA time is only 1 HV, see Fig. 2a.

The pre-deformed samples obtain higher hardness than the unde-
formed sample for all measured AA times. By comparing Fig. 2c, d and
e, it can be seen that the introduction of dislocations through the cold
deformation prior to AA is responsible for the difference, and in the
same time the contribution to hardness from precipitates is lower
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Fig. 3. (a) BF image showing the precipitate distribution in condition NA20hn. The black arrows indicate lath shaped precipitates with habit plane {100}Al, while the white arrows
indicate significantly smaller, rod shaped precipitates. (b) BF image showing the microstructure of one of the pre-deformed samples. The black arrows indicate precipitation in
undistorted regions and the yellow arrow indicates a dislocation line.

in the pre-deformed conditions as compared to the undeformed.
Moreover, pre-deformation after NA (NA20ha) gives a slightly harder
sample after AA. For AA times exceeding 600 min the curves of the
two pre-deformed samples are starting to coincide. This may suggest
that a fraction of the precipitates in NA20ha are less thermally stable
or that the dislocation density in this state is decreasing more rapidly
than in NA20hb.

3.2. Precipitate distribution and microstructure of the undeformed
sample

Fig. 3a and b shows BF images obtained in 〈100〉Al orientation
for condition NA20hn and NA20ha. For the undeformed sample, the
microstructure consists of two main types of precipitates, indicated
by the white and black arrows. The precipitates indicated by the
black arrows have habit plane {100}Al and are lath shaped, while the
precipitates indicated by the white arrows are much smaller and are
shaped as rods. In the pre-deformed sample (NA20ha), it is observed
that precipitates are nucleated in the undistorted regions of the Al
matrix, exemplified by the black arrows. The yellow arrow in (b) indi-
cates the presence of a dislocation line. Due to the strong contrast
from the dislocations in this and similar images, it is not possible to
state if the dislocations are decorated by precipitates or not. Based
on the results presented in the following subsections, precipitates
are indeed found to decorate dislocations in the pre-deformed con-
ditions. BF imaging was thus deemed unsuitable for visualising the
precipitate distribution in the pre-deformed samples.

Fig. 4 shows an HAADF-STEM image of the precipitate microstruc-
ture for the undeformed sample. Based on such images, the lath
shaped precipitates in Fig. 3a were found to be L phases. One example
of the L phase is shown to the left in Fig. 4. The precipitates with very
small cross-sections indicated by the white arrows in Fig. 3a were
found to be structural units of GPB zones, indicated by white arrows
in Fig. 4. GPB zones belong to the Al-Cu-Mg alloy system and are
believed to form during the initial stages of AA [36,37].

3.3. Precipitate microstructure of the pre-deformed samples

The first part of the microstructure investigation of the pre-
deformed samples involves analysis of precipitate crystal structures
by HAADF-STEM. All images presented in the following are taken in
a 〈100〉Al orientation. It is observed that precipitates nucleate in the
distorted regions of the Al matrix, as well as in undistorted regions

away from the dislocation network. Some regions of the images are
atomically overlaid and the legend is presented in Fig. 5.

A representative selection of precipitates found in the pre-
deformed conditions is shown in Fig. 6. The C phase was found to
nucleate in the distorted regions of the Al matrix, one example is
given in Fig. 6a through c, where three images of the same structure
are shown. The numbered regions indicate distinguishable segments
of the structure. Regions (1) and (4) indicate disordered parts of the
structure. Region (2) indicates a segment of the structure nucleated
in the C phase configuration. Likewise, the segment in region (5) is
nucleated in the C phase configuration. However, whereas in region
(2) the C phase is viewed along the [001]C direction, the segment
in (5) is viewed along the [010]C direction. The C phase was first
reported by Marioara et al. [4] and the structure was later solved
by Torsæter et al. [10]. The crystal structure of this phase used in
the atomic overlay in Fig. 5 is given in Table 2 and is derived from
Ref. [10]. It is interesting to notice that peripheral alternating Si-Mg
atoms in the C phase unit cell become Al (marked by white arrows)
and constitute the {100}Al interface. The region in (3) consists of a
periodic structure with habit plane {110}Al and 0.86 nm periodicity
along 〈110〉Al. It is previously reported [21], but the structure has not
been solved until now. We name it here the ‘E phase’, and discuss it
in detail in the following subsection.

2 nm

Fig. 4. HAADF-STEM image of NA20hn showing structural units of GPB zones indi-
cated by white arrows, in addition to one example of the lath shaped L phase on the
left hand side.
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Fig. 5. Legend representing the overlays of HAADF-STEM images in the following subsections.

Precipitate structures like the one shown in Fig. 6a–c were found
for both pre-deformed conditions, often consisting of two or more C
phases connected by either disordered parts or short segments of the
E phase. Furthermore, precipitates like the one imaged in (d) were
also found to nucleate in the distorted regions of the Al matrix. The
precipitates in Fig. 6a–d resembles the string-type reported in previ-
ous work on pre-deformed Al-Mg-Si alloys by Matsuda et al. [19,20]
and more recently by Saito et al. [12,38], in the latter case for Al-Mg-
Si-Cu alloys. The string-like precipitates like the one shown in (d)
consists of segments of E type precipitates connected by disordered
parts categorised as S phases. The precipitate in Fig. 6a–c may also
be categorised as the string-type. This may imply that the C and E
phases are ordered versions of the string-type. Discrete, disordered
precipitates were also found to nucleate in the distorted regions of
the Al matrix, one example is shown in (e) along with the corre-
sponding FFT. The precipitate has habit plane {100}Al, thus it can be
categorised as an L phase. Discrete L precipitates nucleated in the dis-
torted regions of the Al matrix were not found to be common based
on the HAADF-STEM images, but were rather found to connect with
or reside nearby larger structures.

As mentioned in the Introduction, there exist a nearly hexagonal
sub-lattice known as the Si-network in all precipitate phases in the
Al-Mg-Si(-Cu) system. The projected separation of the Si-network
is a ≈ 0.4 nm. Therefore, in FFT patterns it corresponds to spots
having 2.89 nm−1 and 5 nm−1 spatial frequencies. These spots are
easily identifiable, even in the case of disordered precipitates. In the
FFTs presented in Fig. 6e–g, only spots corresponding to the 5 nm−1

spatial frequencies are connected by yellow lines.
Based on 53 and 69 HAADF-STEM images taken from the NA20ha

and NA20hb conditions, respectively, it was concluded that the same
precipitate types nucleate in the distorted regions of the Al matrix
in both pre-deformed conditions. It is proposed that the underlying
mechanisms governing the precipitation in such areas are inde-
pendent of whether the deformation is applied prior to- or after
NA.

Analysis of the 53 images obtained for NA20ha concluded that
only one type of precipitate nucleates in the undistorted regions
of the Al matrix: the L phase. One example is shown in Fig. 6f,
along with the corresponding FFT. The L phase was found to nucle-
ate in undistorted regions in NA20hb as well, however an additional
category of precipitates was found here. One example is shown in
Fig. 6 g, along with the corresponding FFT. The yellow lines indicate
part of the Si-network. Such phases were disordered, but due to Cu
incorporation and {130}Al habit plane, they can be categorised as the
S phase [4].

3.4. Crystal structure of the E phase

As previously mentioned, the E phase was observed in both the
NA20ha and NA20hb conditions. It has habit plane {110}Al and a
periodicity of 0.86 nm along 〈110〉Al. The E phase may be impor-
tant for the material properties in pre-deformed Al-Mg-Si(-Cu) as
it is seen to decorate dislocation lines and to connect more disor-
dered precipitate-types along dislocation lines. The phase was first
reported by Teichmann et al. [21] which studied the effect of 10%
pre-deformation in an Al-Mg-Si alloy. However, the images recorded
in that work were in high resolution TEM (HRTEM) mode with insuf-
ficient resolution to solve the structure. Fig. 7 shows an FFT filtered
HAADF-STEM image of a precipitate with local arrangements of the
E phase. The Z-contrast reveals a strong enrichment of Cu at the
interfaces. The phase periodicity is indicated by the semi-transparent
yellow areas.

As a first step in solving the crystal structure of the E phase, Fig. 7
was atomically overlaid based on the construction rules mentioned
in the Introduction, the result is shown in Fig. 8a. The Si-network
was found to be fragmented into three parts, indicated by the num-
bers. The longest segment exhibiting the E-phase periodicity is the
lower part (no. 3). The Burger’s vector �b indicates the presence of
a screw dislocation, believed to be the nucleation site of the pre-
cipitate. A supercell comprising Al and the core of the E phase was
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Fig. 6. FFT filtered HAADF-STEM images of different precipitate structures found in the pre-deformed samples. (a)–(c) Different part of the same precipitate. The regions enclosed
by dotted lines represent different segments with different ordering in the precipitate. Parts of region (2) and (5), which show two different orientations of the C phase, are
atomically overlaid and the unit cells are indicated by the white lines. (d) and (e) show two different types of precipitate nucleated in the distorted parts of the Al matrix. (f) and
(g) are examples of precipitate nucleated in the undistorted parts of the Al matrix, categorised as L phase and S phase, respectively. The latter was only observed in NA20hb. In
(e)–(g) the FFTs of the images are included.

extracted based on the image and is shown in (b). The black lines
indicate the core of the precipitate. The supercell has dimensions
a = 24.34Å, b = 4.05Å, c = 8.59Å, and all angles near 90◦. How-
ever, the highest symmetry for the extracted atomic coordinates was
P21 (space group 4) and thus we propose a monoclinic unit cell for
the E phase.

Interestingly, structural similarities are found between the core of
the E phase (b) and the core of the C phase (c). The interfacial atoms,
denoted by (1) in both (b) and (c), differ: The Si atoms at the interface
of the C phase are replaced by Cu atoms in the E phase. Moreover,
the atoms within the core, denoted by (2), which in the C phase are
Cu atoms, are replaced by Al atoms in the E phase. Some of the atoms
are in addition shifted slightly in the E phase compared to the atoms’
position in the C phase.

DFT calculations based on three different models of the E phase
were employed. The first supercell, based on the experimental find-
ings in this work has Al38Mg6Si2Cu4 composition and is shown in
Fig. 8b. Based on the fact that the precipitate also has been reported
in alloys without Cu, a Cu-free variant where the Cu atoms (denoted
(1)) in Fig. 8b) at the interface were replaced by Si atoms, was also
utilised. This variant has the composition Al38Mg6Si6. Due to the
observation of the similarities between the core of the E phase with
the core of the C phase, a variant where the interfacial Cu atoms
denoted (1) in Fig. 8b were replaced by Si atoms and the Al atoms
denoted (2) in Fig. 8b were replaced by Cu atoms was also modelled.
The latter has composition Al36Mg6Si6Cu2.

The results from the DFT calculations are shown in Table 3.
According to the calculations, the model based on the experimental
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Table 2
The atomic models for the C phase and the E phase. The space group of both phases is the monoclinic P21 (no. 4). The model for the C phase is
derived from Ref. [10], while the model for the E phase is based on the DFT model exhibiting the lowest formation enthalpy (see Table 3).

C phase E phase1

aC = 10.32 Å, bC = 4.05 Å, cC = 8.10 Å aE =24.43 Å, bE = 3.98 Å, cE = 8.59 Å
aC = 90 ◦ , bC = 100.9 ◦ , cC = 90 ◦ aE = 90 ◦ , bE = 90 ◦ , cE = 90 ◦

Atom x y z x y z
Al − − − 0.148 0.250 0.085
Al − − − 0.148 0.250 0.416
Al − − − 0.147 0.250 0.750
Al − − − 0.791 0.250 0.750
Al − − − 0.793 0.250 0.418
Al − − − 0.793 0.250 0.082
Al − − − 0.266 0.250 0.085
Al − − − 0.266 0.250 0.416
Al − − − 0.263 0.250 0.750
Al − − − 0.675 0.250 0.410
Al − − − 0.675 0.250 0.089
Al − − − 0.386 0.250 0.750
Al − − − 0.443 0.250 0.250
Al − − − 0.030 0.250 0.085
Al − − − 0.030 0.250 0.416
Al − − − 0.029 0.250 0.750
Al − − − 0.089 0.750 0.583
Al − − − 0.970 0.750 0.915
Al − − − 0.970 0.750 0.584
Al − − − 0.971 0.750 0.250
Al − − − 0.911 0.250 0.750
Al − − − 0.911 0.250 0.417
Al 0.680 0.500 0.810 0.911 0.250 0.082
Si 0.500 0.500 0.250 0.491 0.250 0.750
Si 0.830 0.500 0.080 − − −
Si 0.830 0.500 0.580 − − −
Mg 0.610 0.000 0.030 0.656 0.250 0.750
Mg 0.610 0.000 0.530 0.553 0.250 0.470
Mg 0.940 0.000 0.360 0.553 0.250 0.030
Mg 0.940 0.000 0.860 − − −
Cu 0.680 0.500 0.310 0.370 0.250 0.043
Cu − − − 0.370 0.250 0.458

1 The angles of the E phase is based on the DFT supercell. The unit cells angles may be approximately 90 degrees, but the atoms order in a
P21 symmetry and no orthorombic space group was found for the precipitate phase.

observations, Al38Mg6Si2Cu4, is most energetically favourable, indi-
cating that Cu must stabilise the Cu-free variant observed in the
work of Teichmann et al. [21]. The refined fractional coordinates of
the atomic sites in the energetically favourable model are shown in
Table 2.

2 nm

[110][010]

[100]

0.86 nm

Fig. 7. FFT filtered HAADF-STEM image of one of the precipitate structures found in
the pre-deformed samples. Parts of the precipitate contain the previously unsolved
E phase. It has habit plane {110}Al and was observed to nucleate exclusively in the
distorted regions of the Al matrix.

3.5. Phase mapping by SPED

Fig. 9 shows FFT filtered HAADF-STEM images of the main precip-
itates along with the corresponding FFTs and matched component
patterns from the SPED data decomposition. This is the key infor-
mation on which the phase decomposition and precipitate statistics
extracted from the large SPED scans is based on. As indicated by the
red, solid lines that connect the Cu atoms, the L phase in (a) con-
tains a local C atomic configuration. Two orientations of the C phase
are shown in (b) and (c) and their characteristic periodicity is high-
lighted. In (d), a segment of the E phase is shown. The Si-network
is indicated by yellow lines in both the FFT patterns and identified
component patterns. In the case of the FFTs and PED patterns, only
spots corresponding to the 5 nm−1 spatial frequencies are connected
by the yellow lines. Part of the Si-network is indicated in the images
of the disordered L phase (a) and the E phase (d). As discussed ear-
lier, a large part of the Si positions in the E phase is occupied by
Cu. The structures presented in the figure are the ones exhibiting
well-defined FFTs so that it is possible to identify the corresponding
component patterns. Component patterns that did not correspond
to any of the main phases were categorised as ‘ disordered’, based
on the HAADF-STEM images. Most of the precipitates categorised as
disordered contained the Si-network.

Fig. 10 shows the results from the phase identification based on
the SPED data for (a) NA20ha and (b) NA20hb. The VDF images are
shown for both samples and the red rectangle indicates an area
which is enlarged in the remaining images. All the bright spots and
streaks correspond to precipitates. The HAADF-STEM investigation
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Fig. 8. (a) HAADF-STEM image with atomic overlay of the precipitate in Fig. 7. The legend is shown in Fig. 5. The Si-network is fragmented in three parts, as indicated by the
numbers. The �b indicates the presence of a Burger’s vector. In (b), the supercell used for DFT calculations is shown. The black lines enclose the core of the E phase. In (c), the
atomic model of the C phase based on the fractional coordinates in Table 3.1 is shown. The black parallelogram and black lines indicate the unit cell and the core of the C phase,
respectively. The core of the E phase is derived from the core of the C phase rotated 45 ◦ from 〈100〉 to 〈110〉, with Si (1) atomic columns in C being occupied by Cu in E, and the Cu
(2) columns in C being occupied by Al in E.

revealed that the precipitates nucleated independently of the dislo-
cation networks were in the range of 2 nm to 6 nm in the main cross-
sectional direction. Therefore, all the dots in the VDF images are
assumed to correspond to precipitates nucleated homogeneously in

the undistorted regions, while the more elongated spots and streaks
in the VDF images are assumed to be associated with precipitates
nucleated in distorted regions of the Al matrix. The images labelled
‘L’, ‘C’, ‘E’ and ‘Disordered’ correspond to the sum of the loading

Table 3
Results from DFT calculations on the E phase with three different structure models. The one with the lowest formation enthalpy, Al38Mg6Si2Cu4, corresponds to the experimentally
observed phase in the present work.

Refined model Formation enthalpy per atom (eV/atom) Formation enthalpy/ volume (eV/Å3) Refined cell parameters (Å) Core composition

a b c Al Mg Si Cu

Al38Mg6Si6 −0.0567 −0.0033 24.400 3.987 8.753 2 6 6 −
Al36Mg6Si6Cu2 −0.0671 −0.0040 24.088 4.015 8.636 − 6 6 2
Al38Mg6Si2Cu4 −0.0701 −0.0042 24.426 3.980 8.590 2 6 2 4
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Fig. 9. FFT filtered HAADF-STEM images of the main precipitates types in the pre-deformed samples, the corresponding FFT and component patterns from the SPED data decom-
position. The yellow lines indicate the Si-network. In (a), an example of the L phase is shown. The red lines indicate a local arrangement of C in the precipitate. (b) shows a segment
of a C phase viewed along [010]C and the red lines connect Cu atomic columns indicating the 0.81 nm periodicity along [001]C. In (c), a segment of a C phase viewed along [001]C

is shown. The purple lines connect Cu-containing atomic columns, indicating the 0.41 nm periodicity along [010]C. A segment of the E phase is displayed in (d). The component
patterns are adjusted for brightness.

maps of the components associated with these phases. As men-
tioned earlier, some L type precipitates were also nucleated in the
distorted regions of the Al matrix. These phases were categorised
as disordered, in order to distinguish between heterogeneously and
homogeneously nucleated L precipitates.

Note that even though some of the precipitates in the loading
maps of the E and the C phase are dot-like, they may still be nucle-
ated in the distorted regions of the Al matrix. As an example, consider
the wall-like precipitate of Fig. 6a–c. Short segments of the E phase
exist in this structure which will appear as dots in the loading maps.
The images labelled ‘ Sum’ correspond to the sum of all loading maps
used in the phase identification. By comparing the sum with the
corresponding area in the VDF image, it is verified that most the pre-
cipitates viewed in the cross-sectional direction are included in the
decomposition. The precipitates categorised as disordered in NA20ha
are mostly found to be elongated. Based on this, it is believed that
this category of precipitates is dominated by the ‘ string-like’ precipi-
tates of Fig. 6d or larger L phases nucleated in distorted regions of the
Al matrix. For NA20hb however, the disordered category mostly con-
sists of more ‘ dot-like’ features and it is believed that this category is

dominated by precipitates nucleated in the undistorted regions, like
the S phase shown in Fig. 6g or the L phase (Fig. 6f).

It should be noted that although SPED has proven to be a pow-
erful technique in visualising precipitates in heavily pre-deformed
Al-alloys, the technique is currently limited by the detection sys-
tem. This is especially true when studying samples with extremely
small precipitates with the same habit planes and similar PED pat-
terns, which results in a low signal-to-noise ratio limiting the NMF
decomposition. As an example, consider Fig. 9, here the component
of the L phase in (a) and the component of the C phase in (b) show
some similar features. Due to the low signal-to-noise ratio, the NMF
decomposition sometimes produced component patterns consisting
of both the L phase and the C phase. This was partly overcome by
reducing the number of NMF components so that the output compo-
nents consisted of either dot-like features or more elongated features
without any precipitate vanishing when comparing the sum of all
components with the VDF. The HAADF-STEM images showed that
the L phase often consisted of small segments of the C phase, which
is causing some of the intensity spots in the loading maps of L to also
be present in the loading maps of C.
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Fig. 10. SPED results including VDF images, loading maps for L, C, E and the disordered category, in addition to the sum of all loading maps used for the phase identification for
(a) NA20ha and (b) NA20hb. The red rectangles indicate areas which are enlarged in the loading maps.

3.6. Precipitate fractions

In addition to visualisation of the precipitate distribution, the
obtained PED stack was used to approximate the precipitate phase
fractions for the two pre-deformed conditions. The estimation of
these fractions was based on the approach described in Ref. [26]. The
main assumption in this approximation is that the pixel (and hence
area) fraction obtained for the different identified phases is similar
to the volume fraction of the phases, i.e. Pf ≈ Af ≈ Vf, where Pf, Af
and Vf denote the pixel-, area- and volume fractions, respectively.
This approximation is only valid if the lengths of the different phases
observed are nearly equal.

The estimated precipitate phase fractions are shown in the bar
chart in Fig. 11. The results indicate that when deforming before
NA, the ratio of nucleated L over C+E is larger than when deform-
ing after NA. Based on the previous discussions, this suggests that by
deforming after NA (NA20ha), the nucleation of precipitates is more
heterogeneous compared to when deformation is conducted prior to
NA (NA20hb).

Note that there is an uncertainty associated with the ratios pre-
sented in Fig. 11. Different masks in both reciprocal space and real
space were tested, and the number of NMF components were varied
to see how these factors altered the final precipitate phase fractions.
The result showed that the relative ratios of the precipitate phase
fractions varied with ±10%, but the conclusion remained unchanged:
In NA20ha, the heterogeneous nucleation of precipitates dominated
over the homogeneous nucleation of precipitates, and opposite for
NA20hb. This conclusion was also supported by the HAADF-STEM
images, which showed a larger number ratio of L over C+E in
NA20hb than in NA20ha.

3.7. Evaluation of the effect of NA and pre-deformation

It was shown that the sample NA20hn had a precipitate distribu-
tion consisting of two main precipitate types: L phases and structural
units of GPB-zones. Moreover, it was shown that the introduction of
dislocations through cold rolling either before- or after NA caused
additional precipitate-types to nucleate in the distorted regions of
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Fig. 11. Bar chart showing the results from the phase quantification by SPED.

the Al matrix. The relative fraction of precipitates nucleated in dis-
torted regions and in undistorted regions were found to be different
in the two pre-deformed samples NA20ha and NA20hb. The pro-
posed evolution for NA20ha and NA20hb from SHT throughout the
AA treatment is shown in Fig. 12. The schematic is based on the
known detrimental effect of NA on the subsequent formation of pre-
cipitates during AA, and on the ability of dislocations to provide
fast diffusion paths for vacancies and solute segregation leading to
preferential precipitation during ageing. Note that the figure’s key
concepts are exaggerated for clarity and that we assume that the
solute uptake in the precipitates are similar for the two conditions.

NA20ha is kept at RT immediately after SHT. The RT stor-
age causes NA clusters to form by the diffusion of solutes using
quenched-in vacancies. During the subsequent deformation, the
introduced dislocations and NA clusters will interact. It is proposed
that some of the NA clusters will dissolve, re-introducing solutes
[39,40]. Immediately before the AA treatment, the microstructure
therefore consists of NA clusters, solutes and dislocations. During
the subsequent AA treatment, the clusters will delay the precipita-
tion in the undistorted regions of the Al matrix, while the solutes
will either migrate to the dislocation lines, nucleating heteroge-
neously as E, C or disordered structures in the distorted regions,

[100]Al
[101]Al

[001]Al
After SHT Immediately after deformationDuring NA After AA

Vacancy
Mg atom Si atom

Cu atom

NA Cluster Dislocation

Precipitate decorating dislocation
(C, E or disordered)

L phase

Immediately after deformation During NA After AA

[100]Al
[101]Al

[001]Al
After SHT

(a)

(b)

NA20hb: Rolled before NA

NA20ha: Rolled after NA

Fig. 12. The suggested microstructure evolution for (a) NA20ha and (b) NA20hb after solution heat treatment.
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or nucleate homogeneously as the L phase in the undistorted
areas.

NA20hb is deformed prior to NA. In this case, the dislocations
are introduced into an environment consisting of a SSSS. During the
deformation, a significant proportion of the vacancies will migrate to
the dislocations and annihilate. The reduced concentration of vacan-
cies reduces the diffusion of solutes during the subsequent room
temperature storage, retaining a solid solution in the undistorted
regions of the Al matrix and basically slowing down cluster forma-
tion as evidenced by the lower hardness increase during NA in this
case, see Fig. 2d. This is believed to be causing the difference in the
relative fraction of heterogeneous and homogeneous nucleation in
the two samples: The density of NA clusters is lower in NA20hb than
NA20ha during the initial stages of the AA treatment. In general,
NA clusters forming in alloys with high solute content are associ-
ated with delaying the precipitation of hardening phases [41,42] and
therefore the lower density of such clusters in NA20hb is causing
the relative fraction of homogeneous precipitation to heterogeneous
precipitation to be higher than in NA20ha.

It is interesting to note that no b′ ′ precipitates are found in the
three conditions investigated in the present work. Since the unde-
formed sample was found to contain mostly L phases and structural
units of GPB-zones, it is believed that the high Cu-content is the rea-
son for this. In a previous work, Marioara et al. [6] demonstrated
that for Al-Mg-Si(-Cu) alloys, the L phase is associated with high
thermal stability. This is confirmed in the present study, since the
hardness of NA20hb, which contains a higher volume fraction of
the L phase relative to C and E, decreases slower than the hard-
ness of NA20ha during over-ageing, as seen in the HV-curve in
Fig. 2b.

Moreover, it was found that the relative ratio of homogeneously
nucleated precipitates to the heterogeneously nucleated precipitates
was higher in the softest sample (NA20hb). In undeformed heat-
treatable Al alloys, high hardness is associated with a homogeneous
distribution of hardening phases. For pre-deformed samples, one has
three main contributions to the hardness: both the homogeneously
and the heterogeneously nucleated precipitates, in addition to the
dislocation density. This work has shown that during a 10 h AA treat-
ment, the NA20hb condition which contained the highest ratio of the
hardening L phase to the coarser E- and C-phase after 3 h, was the
softest, see Fig. 2b. Thus, precipitate hardening attributed to nucle-
ation of the L phase is not the main hardening mechanism in the
heavily pre-deformed samples. It was however shown that during
the first three hours of the AA treatment, the hardness increase was
most pronounced in NA20hb, see Fig. 2c–d. This is attributed to the
higher ratio of the L phase to the coarser phases in this condition. It
was also showed that the higher hardness of NA20ha was due to a
higher hardness response both during NA and the cold deformation,
see Fig. 2c–d. It is believed that the NA clusters present in NA20ha
during the deformation is impeding dynamic recovery, making the
hardness contribution from the cold working more pronounced in
this sample than in NA20hb where the dislocations are introduced
into an environment of solid solution.

4. Conclusions

The effect of 80% pre-deformation of an Al-Mg-Si-Cu alloy with
high Cu content, applied either before or after a NA treatment for 20 h
has been investigated in terms of hardness evolution and precipitate
microstructure.

• It was demonstrated that HAADF-STEM in combination with
SPED is a powerful tool to investigate precipitation in heavily
deformed age-hardening materials.

• For the undeformed condition, two main precipitate types
were identified: The L phase and structural units of GPB-zones.

• Three main precipitate types were identified in the deformed
conditions, namely L, C and a new precipitate type, called ‘E’.
The L phase was observed to nucleate both as discrete pre-
cipitates on dislocation lines and in undistorted regions away
from the dislocation network. C and E were only found at
dislocations. C and L have {100}Al habit planes.

• The E phase is ordered and has {110}Al habit planes. A crystal
structure for this phase was proposed here. This structure may
be important for the material properties of pre-deformed Al-
Mg-Si(-Cu) alloys.

• Deformation after NA enhances heterogeneous precipitation of
C and E phases in distorted regions of the Al matrix. On the
contrary, deformation applied before NA enhances precipita-
tion of L phase in the undistorted regions. This condition has
lower strength due to lower hardness response during NA and
cold rolling, but better thermal stability attributed to the higher
volume fraction of L phases.
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